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FOREWORD 


This  report  was  prepared  by  the  Materials  and  Process  Division  of  UES,  Inc.,  Dayton,  Ohio  under  Air 
Force  Contract  F33615-96-C-5258.  Captain  Wa3me  Meyer  and  Captain  G.  Brandt  Miller  of  the  Air 
Force  Research  Laboratory  (AFRL),  Materials  and  Manufacturing  Directorate  (ML),  Metals,  Ceramics 
and  Nondestructmctive  Evaluation  Division,  Materials  Development  Branch,  were  the  Government 
Project  Engineers.  The  research  reported  herein  covered  the  period  15  September  1996  to  18  April 
2001. 


1.  INTRODUCTION 


The  structural  integrity  of  many  Air  Force  systems  depend  critically  on  the  optimal  performance  of 
traditional  materials  and  continued  exploration/development  of  new  material  technologies.  Two  major 
requirements  have  driven  new  material  technologies:  (1)  reduced  weight  of  engineering  components  of 
aircraft,  and  (2)  increased  operating  temperature  of  engines.  Success  in  meeting  these  requirements  will 
lead  to  improved  performance  efficiency  and  fuel  cost  savings.  Material  systems  based  on 
intermetallics,  advanced  metallic  composites,  and  ceramic  composites  have  great  promise  in  fulfilling 
these  requirements.  While  engineering  developments  based  upon  educated  empirical  approaches  and 
accumulated  experience  must  continue,  the  fundamental  scientific  understanding  of  material  behavior  at 
interlinked  electronic,  atomistic,  and  continuum  levels  is  needed  to  provided  to  provide  a  sohd 
foundation  for  further  advancements. 

For  the  past  4  and  a  half  years  UES  has  carried  out  experimental  and  theoretical  research  on  tiiree 
different  classes  of  materials.  These  include  advanced  metallics,  advanced  metallic  composites,  and 
ceramic  composites.  This  is  the  final  report  on  progress  made  on  various  topics  within  the  three  broad 
categories  of  material  types.  The  report  contains  a  summary  of  major  findings,  a  description  of  current 
work  not  reported  earlier,  and  a  list  of  publications/presentation/patents/book  chapters. 
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2.  TASK  I.  ADVANCED  METALLICS 


2.1  ADVANCED  INTERMETALLICS 

During  this  reporting  period,  UES  performed  research  on  two  refractory  metal/intermetallic  systems: 
Nb-Ti-HfrCr-Al-Si-X  and  Mo-Si-B-X.  The  first  system  consists  of  Mb  Ti  Hf  Cr  A1  metal  phase  in 
equilibrium  with  the  complex  5:3  silicides  and  Laves  (Cr2Nb)  phases.  The  second  system  consists  of 
rcfinctory  Mo  metal  phase  in  equilibrium  with  the  silicide  MosSi  and  borosilicide  MosSiBa  phases. 
Depending  upon  relative  volume  fiuctions  and  spatial  distribution  of  the  phases,  these  systems  fall  within 
the  alloy  classes  termed  as  ductile/brittle  or  brittle/ductile.  The  first  class  consists  of  a  ductile  metal 
matrix  plus  dispersed  brittle  intermetaUics  phases,  while  the  second  consists  of  brittle  intermetaUic  matrix 
and  dispersed  metal  phase.  These  multiphase  systems  have  a  potential  to  provide  a  balance  in 
properties  for  high-temperature  structural  applications.  The  intermetaUic  phases  can  result  in  good  high- 
temperature  properties  including  oxidation,  strength,  and  creep  while  die  metal  phases  can  provide  low- 
temperature  toughness  and  damage  tolerance. 

The  two  systems  described  above  are  candidates  for  hot-section  jet  engine  components,  e.g.,  turbine 
blades  and  combustors  under  the  (DoD)  Integrated  High  Performance  Turbine  Engine  Technology 
(IHPTET)  program.  The  HPTET  goals  include  a  temperature  capability  to  exceed  that  for  the  best 
sin^e-crystal  Ni  base  super  alloys  by  ~  150  °C  for  the  turbine  blade. 

The  research  reported  here  includes  composition  effects  on  microstmcture  and  oxidation,  basic 
oxidation  mechanisms,  microstmctural  dependence  of  toughness,  tensile  strength,  creep,  and  creep 
improvement  based  upon  microstmctural  perspective.  It  should  be  pointed  out  that  these  research 
projects  are  ongoing  with  a  long-range  goal  of  using  Uiese  two  classes  of  materials  in  microlaminated 
airfoil  design. 

FoUowing  is  a  summary  of  major  findings  of  various  research  projects  on  advanced  intermetaUics. 

2.1.1  Final  Evaluation  of  the  Five-Component  Nb-Ti-Cr-Al-Si  Alloys 

The  objective  of  this  ongoing  effort  was  to  investigate  aUoys  containing  a  nominaUy  oxidation-resistant 
(or  oxidation  tolerant),  ductile,  refiuctory  phase  in  equilibrium  with  one  or  more  refiuctory  sUicide 
intermetaUic  phases  in  order  to  evaluate  their  potential  for  a  useful  balance  of  structural  properties. 

Work  leading  up  to  the  present  final  characterization  of  the  five  component  Nb-based  alloys  has  been 
reported  in  our  previous  final  technical  report  [1].  Extensive  screening  studies  were  conducted  on  alloys 
with  1:1  Nb/Ti  ratio,  8  to  10  atomic  (at.)%  Cr,  10  at.%  A1  and  13  to  19  at.%  Si.  Typical 
microstractures  in  these  aUoys  consisted  of  the  beta  phase  as  the  continuous  matrix,  with  one  or  more 
silicides  as  dispersed  phases,  whereas  for  high-temperature  strength,  a  more  desirable  microstmcture  is 
one  or  more  lefiuctoiy  siUcides  that  are  reinforced  via  a  co-continuous  mixture  of  a  ductile  refractory 
metal  phase.  Results  on  additional  alloy  compositions  indicated  that  lowering  the  Cr  and  A1  contents  in 
the  aUoys  may  be  beneficial  toward  obtaining  a  more  co-continuous  microstmcture  containing  the  beta 
and  siUcide  phases.  Bend  strength  versus  temperature  studies  on  selected  alloys  showed  that,  at 


2 


temperatures  above  1000  °C,  the  beta  +  silicide  alloys  have  superior  strengths  compared  to  baseline 
beta  alloys  as  well  as  nickel-based  superalloys,  although  the  strengths  are  lower  than  the  model 
NbsS^/Nb  alloys. 

2.1.2  Microstnictural  Effects  of  Higher  Order  Alloying  Additions  in  the  Five 
Component  Base  Alloy  in  the  Nb-Ti-Cr-Al-Si-X  (X=Mo,  Ta,  W)  Alloy  Systems 

Higher  order  alloying  modifications  of  Nb-Ti-Cr-Al-Si  base  alloy  with  Mo,  Ta,  W  were  pursued  to 
obtain  information  about  phase  equilibria  and  elemental  partitioning  between  the  different  phases.  Phase 
equilibria  studies  at  1000  and  1400  °C  showed  the  decomposition  of  the  beta  phase  with  resultant 
formation  of  (Nb,Ti)3Al  in  the  Mo-containing  alloys,  whereas  no  such  decomposition  was  observed  in 
the  Ta-  and  W-containing  alloys.  Mechanical  property  data  on  these  alloys  showed  noticeable 
strengthening  at  1000  °C  compared  to  the  baseline  alloys,  although  the  absolute  strength  levels  were  still 
substantially  below  the  strengths  obtained  for  the  model  NbsSis/Nb  alloys.  The  strengfli  decrement 
again  may  be  attributed  to  the  beta  phase  being  the  continuous  phase  in  all  of  these  alloys. 

2.1.3  The  Effect  of  Varying  Hf,  Cr,  Al,  and  Si  Concentrations  on  Microstructural 
Modifications  in  a  Nb-Ti-Hf-Cr-Al-Si  Alloy  Developed  at  GE-CRD 

Work  from  General  Electric  Corporate  Research  and  Development  (GE-CRD)  on  a  Directionally 
Solidified  (DS)  47Nb-25Tir8Hf-2Cr-2Al-16Si  alloy  had  shown  attractive  properties  in  toughness, 
strength,  and  creep  mpture.  However,  issues  such  as  microstructural  control  and  phase  stability  were 
still  not  addressed.  Hence,  a  systematic  study  was  conducted  to  delineate  the  effect  of  the  various 
alloying  additions  on  the  GE  alloy,  particularly  with  respect  to  elemental  partitioning,  and  morphology 
and  distribution  of  the  beta  and  the  silicide  phases.  The  results  showed  that  Hf  partitions  predominantly 
to  the  silicide  phases,  while  Cr  and  Al  partition  almost  completely  to  the  beta  phase.  Further,  it  was 
evident  fix)m  the  microstractural  information  that  the  phase  distribution  and  solidification  paths  are  very 
sensitive  to  the  Cr,  Hf,  and  Al  concentrations.  It  was  determined  that  the  optimum  compositions  shordd 
have  higher  Nb,  lower  Ti,  lower  Cr,  and  lower  Al  than  the  alloys  currently  rmder  investigation.  The 
results  firom  these  studies  were  used  to  select  three  baseline  alloys  with  compositions  in  the  range  (49  to 
51)Nb,  (24  to  26)Ti,  (2  to  4)Cr,  (2  to  4)A1,  (0  to  4)Hf,  and  (15  to  16)Si  for  further  evaluation 
(composition  range  given  in  at.  %). 

2.1.4  Continued  Screening  Studies  Within  the  Nb-Ti-Hf-Cr-Al-Si  Family  of  Alloys  to 
Optimize  the  Compositions  for  Turbine  Blades 

The  objective  of  this  research  was  to  evaluate  Nb-Ti-HfCr-Al-Si  base  alloys  as  viable  candidates  for 
long-term  engineering  service  at  temperatures  beyond  the  current  limit  of  superalloys.  Alloys  within  this 
class  represent  one  of  the  major  development  approaches  being  pursued  for  turbine  blades  within  the 
IHPTET  Phase  Iff  goals,  and  beyond.  Systematic  chemistry  modifications  were  conducted  within  the 
multicomponent  Nb-Ti-Cr(Hf)-Al-Si  systems  in  an  effort  toward  obtaining  a  co-continuous 
microstructure  containing  a  ductile  refi:actory  beta  phase  and  one  or  more  refiuctory  intermetallic 
silicides.  The  results  indicated  that  lowering  the  Cr  and  Al  contents  in  the  alloys  may  produce  such  a 
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microstmcture.  Further  evaluation  was  conducted  on  alloys  with  low  Crt-Al  concentration,  specifically, 
alloys  having  compositions  in  the  range  (49  to  51)Nb,  (24  to  26)Ti,  (2  to  4)Cr,  (2  to  4)A1,  (0  to  4)Hf, 
and  (15  to  16)Si.  In  the  cast  +  1500  °C  heat  treated  condition,  these  alloys  showed  the  formation  of  a 
metastable  MsSi-type  phase.  Upon  hot  forging  at  1400  °C  followed  by  subsequent  heat-treatment  at 
1500°C,  the  metastable  MsSi  phase  undergoes  a  cellular  or  eutectoid  decomposition  to  the  equiUbrium 
phases  of  beta  and  MsS^  silicide.  The  results  indicated  that  flie  microstmcture  in  these  alloys  can  be 
suitably  tailored  by  choosing  appropriate  chemistries  and/or  processing  techniques.  Chemistries  within 
this  family  were  selected  as  the  starting  point  for  external  development  work  at  GE.  Having  this 
knowledge  of  phase  equilibria,  the  researchers  decided  that  further  alloy  development  efforts  would  be 
based  on  increased  Cr  additions  to  introduce  a  Cr-rich  Laves  phase,  within  the  same  general 
microstmcture.  Such  additions  were  viewed  as  necessary  to  further  enhance  the  oxidation  resistance. 

2.1.5  Evaluations  of  Nb-Ti-Hf-Cr-Al-Si-X  AUoys  for  Improved  Oxidation  Resistance 

While  alloys  with  the  composition  range  (49  to  51)lSIb,  (24  to  26)Ti,  (2  to  4)Cr,  (2  to  4)A1,  (0  to  4)Hf, 
and  (15  to  16)Si  represented  major  progress  toward  an  Nb-base  turbine  blade  alloy,  stUl  further 
improvements  in  oxidation  resistance  were  required  for  the  anticipated  service  environment.  Higher 
order  alloying  modifications  of  Nb-Ti-Hf-Cr-Al-Si  with  Mo,  Mo+B,  Zr,  Y,  Re  additions  were  centered 
on  providing  substantial  further  enhancement  in  the  oxidation  resistance.  The  initial  results  indicated  that 
Mo,  Zr  and  Y  additions  do  not  provide  further  improvements.  Mo  +  B  additions  resulted  in  the 
formation  of  a  Nb-Ti-Mo  borosilicide  phase  which  was  similar  in  composition  to  the  T2  phase  observed 
in  the  Mo-Si-B  system  that  was  being  investigated  in  separate  studies.  To  evaluate  the  effect  of  boron 
on  the  Nb-silicide  phase,  compositions  corresponding  to  the  borosihcide  phase  in  the  Nb-Si-B,  as  well 
as  Nb-Mo-Si-B  systems,  were  evaluated  for  oxidation  resistance.  It  was  evident  firom  the  results  that 
the  Nb-base  borosilicide  phase  did  not  provide  improved  oxidation  resistance  in  the  composite; 
however,  the  Nb-Mo  base  borosilicide  appeared  to  show  some  promise. 

2.1.6  Environmental  Resistance  of  Nb-Ti-Hf-Cr-Al-Si-X  Alloys 

Alloys  with  Cr  additions  of  ~15  at.%  showed  favorable  oxidation  behavior  with  metal  recession  rates  of 
0.8  to  1.1  pm/h  (M).03  to  0.05  mil/h)  at  1200  °C.  The  microstmcture  of  these  alloys  after  heat- 
treatment  of  1400  °C/100  h  consisted  of  co-continuous  beta  with  NbsSis  and  TisSij  siliddes,  together 
with  the  CriNb-based  Laves  phase.  Based  on  these  results,  a  second-generation  Nb-base  alloy  with 
the  composition  Nb-  10Ta-24Tir4Hf- 1 5Cr-3Al-  14Si-5Ge  was  downselected  for  ingot  processing. 

2.1.7  Mechanical  Property  Evaluation  of  a  Baseline  Nb-Ti-Hf-Cr-Al-Si  Alloy 

A  first-generation  Nb  alloy  with  file  composition  42Nb-29Ti-4Hf-6Cr-2Al-  17Si,  an  alloy  procured 
from  the  Los  Alamos  National  Laboratory  (LANL),  was  extmded  at  1400  °C.  Specimens  of  the 
extended  LANL  alloy  was  tested  for  mechanical  properties.  Room-temperature  fracture  toughness  of 
this  alloy  ranged  from  22  to  26  MPaVm.  Tensile  tests  in  air  showed  yield/fiacture  strengths  that  were 
comparable  to  the  model  binary  alloy  Nb-  lOSi  over  file  temperature  range  from  25  to  1 100  °C. 
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2.1.8  Selection  and  Characterization  of  Second-Generation  Nb-Ti-Hf-Cr-Al-Si-X  Alloys 


Alloying  studies  were  continued  on  Nb-Ti-Hf-Cr-Al-Si-X  (X=Ta,  Ge  or  Zr)  alloys  with  a  higher  Cr 
content  of  5  at.%.  The  most  promising  additions  appeared  to  be  Ge  and  Zr  for  oxide  scale  stability. 
Additionally,  the  effect  of  chemistry  modifications  on  oxidation  was  evaluated  by  varying  the  Cr 
concentration  in  the  alloys.  Alloys  with  Cr  additions  of  ~15  at.%  showed  favorable  oxidation  behavior 
with  metal  recession  rates  of  0.8  to  1.1  pm/h  (~0.03  to  0.05  mil/h)  xmder  static  conditions  at  1200  °C. 
Cyclic  oxidation  that  was  conducted  on  two  alloys  at  1200  °C  showed  metal  recession  rates  of  0.06  to 
0.07  mil/h,  with  a  total  weight  losses  of  ~120  mg/cm^  after  exposure  for  200  h.  Ta  additions  of  ~  10 
at.%  appeared  to  be  desirable  from  the  point  of  view  of  obtaining  a  co-continuous  microsfructure  of 
beta  +  silicides.  The  microstmcture  of  these  allo5rs  after  heat  treatment  of  1400  °C/100  h  consisted  of 
co-continuous  beta  with  NbsSi?  and  TisSfe  silicides,  together  with  the  Cr2Nb-base  Laves  phase.  Based 
on  these  data,  a  third- generation  Nb-base  alloy  with  the  composition  Nb-  10Ta-24Ti-4Hf- 1 5Cr-3Al- 
14Si-5Ge  was  procured  from  Pittsburgh  Materials  Technology,  Inc.,  and  extruded  at  1400  °C,  using  a 
6;  1  extension  ratio.  The  extension  was  full  of  cracks;  therefore,  tensile  specimens  could  not  be  machined 
from  the  extrusion.  A  few  tensile  creep  specimens  were  obtained  and  tested  at  1 100  and  1200  °C. 

The  initial  data  showed  creep  rates  that  were  an  order  of  magnitude  higher  than  those  for  binary  Nb- 
lOSi.  However,  the  data  may  be  unrehable,  as  defect- free  specimens  could  not  be  obtained. 

Based  on  an  earlier  alloy  (26Nb-22Ti-8Ta-4Hf- 1 5Cr-2Al- 1 8Si-5Zr,  Alloy  1942)  which  showed  the 
best  cyclic  oxidation  Hfe  (140  h  of  weight  gain  at  1200  °C),  an  alloy  with  the  composition  3  lNb-26Ti- 
8Ta-4Hf-12Cr-2Al-12Si-5Zr  (Alloy  1329)  was  obtained  as  an  ingot.  In  this  alloy,  the  Cr  was  lowered 
from  15  to  12  percent  for  obtaining  crack- fiee  cast  ingots,  and  the  Si  was  lowered  to  12  percent 
(based  on  Austin  Chang’s  phase  equihbria  predictions  for  primary  beta  phase  dendrite  formation  and  to 
avoid  formation  of  large  MbsSi?  faceted  dendrites  which  were  seen  in  Alloy  1942).  The  plan  was  to 
exteude  this  alloy  for  mechanical  property  evaluation. 

2.1.9  Study  of  Oxidation  Mechanisms  in  Nb-Ti-Hf-Cr-Al-Si-X  Alloys 

To  date,  empirical  alloying  schemes  have  been  successful  in  identifying  pathways  toward  obtaining 
reasonable  oxidation  resistance  in  the  Nb-base  alloys.  However,  there  is  still  a  lack  of  fundamental 
understanding  as  to  the  operative  mechanisms  for  oxidation  protection.  Research  was  initiated  toward 
identifying  some  of  these  oxidation  mechanisms  through  a  systematic  study  of  oxidation  kinetics  followed 
by  a  detailed  characterization  of  oxide  scale  composition  and  stracture.  Gravimetric  oxidation  studies 
were  initiated  on  selected  alloys  (Alloy  1870:  Nb-  10Ta-24Ti-4Hf-  14Cr-2A]r  13Si-5Ge  and  LANL: 
Nb-28Ti-4Hf-6Cr-2A]-  17Si)  in  an  effort  to  imderstand  scale  growth  kinetics.  In  the  initial  oxidation 
exposures  of  alloy  1870,  continuous  weight  gain/loss  of  alloys  was  monitored  during  exposures  at  1200 
°C  for  various  times  ranging  from  a  few  hours  to  ~80  hours.  Cross-sectional  Scanning  Electron 
Microscopy  (SEM)  was  conducted  on  the  oxidized  specimens  in  an  effort  to  imderstand  the  oxide  scale 
characteristics.  SEM  (dot  map)  and  x-ray  defraction  (XRD)  were  conducted  on  the  oxidized  specimen 
surfaces  to  characterize  the  oxide  scale  type/composition.  The  weight  change  data  showed  two  distinct 
regimes:  (1)  a  steady  weight  gain  at  temperature,  which  may  be  indicative  of  parabolic  oxidation 
kinetics,  and  (2)  a  rapid  weight  gain  (~50  to  60  percent  of  total  weight  gain)  during  cooling  through 
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1200  to  900  °C  for  specimens  exposed  from  5  to  40  hours.  SEM  (dot  map)  of  the  oxide  scale  surface 
indicated  the  following:  (a)  No  Ge  in  the  scale,  (b)  presence  of  (Mb,  Ta,  Cr)-rich  regions 
[Cr(Nb,Ta,)04  niobates]  and  Ti-Cr  rich  regions  (CrTi04). 

A  preliminary  study  initiated  on  a  Nb-2 1  at.%Ti- 1 5  at.%Si- 1 3  at.%Cr-4  at.%Cr-4  at.%Ge-2  at.%  Al- 
3  at.%B  showed  that  oxidation  at  800  °C  and  1200  °C  led  to  vastly  different  microstructures.  Though 
nonadherent  oxide  mixtures  containing  Ti02  and  Nb205  form  as  an  outer  oxide  at  both  these 
temperatures,  adherent  oxide  mixtures  containing  Ti02  and  lower  Nb  oxides  form  below  the  oxide 
scale.  All  of  the  solid  solution  regions  in  the  microstmctuie  are  apparently  oxidized  to  mixtures  of 
oxides  while  only  the  outer  layers  of  the  silicide  phase  are  oxidized  at  1200  °C.  Oxygen  diffusion  at 
1200  °C  is  substantial,  and  internal  oxidation  produces  Hff)  2  precipitates  weU  inside  the  alloy.  The 
subsurface  layer  formed  at  800  °C  was  found  to  be  constituted  of  Nb205  precipitates  in  the  solid 
solution  regions,  with  the  silicides  being  virtually  unattacked.  The  formation  of  NbzOs  precipitates  in  the 
subsrrrface  region  leads  to  catastrophic  cracks  parallel  to  the  sirrface  of  the  alloy.  Further  studies  to 
understand  the  mechanisms  of  these  reactions  will  be  explored  in  detail. 

2.1.10  H^h  Temperature  Oxidation  Mechanisms  in  Nb  -  SUicide  Bearing  Multicomponent 
Alloys 

A  fundamental  understanding  of  the  influence  of  chemistry  and  microstmcture  on  the  natirre,  sequences, 
and  mechanisms  of  oxidation  of  multicomponent  Nb  alloys  at  various  temperatures  is  cmcial  in  any 
effort  on  Nb  alloy  development.  This  study  was  undertaken  with  this  objective  and  oxidation  of  a 
variety  of  multicomponent  Nb-based  alloys  was  studied  and  the  role  of  alloying  additions  critically 
examined.  In  particular,  the  kinetics  of  oxidation  of  a  number  of  alloys  was  determined  by  following  the 
weight  changes  during  cyclic  oxidation.  A  Nb-25Ti- 1 8Si-6Cr-2Al-2Hf-0.5Sn  alloy  was  chosen  as  the 
base  alloy  for  comparison,  and  the  effect  of  substitution  of  a  part  of  Si  with  Ge  and  a  part  of  Cr  with  Fe 
was  examined.  The  role  of  small  amounts  of  Ce  (0.1  at%)  and  B  (2  at.%)  were  also  examined.  The 
influence  of  Si  was  examined  by  adding  up  to  5%  Si  to  the  base  alloy.  The  results  of  these  alloying 
effects  on  oxidation  can  be  summarized  as: 

(1)  AH  alloys  show  a  two-stage  oxidation  reaction  wifli  an  initial  weight  gain  region,  followed  by  a 
rapid  weight  loss  region.  The  second  stage  can  be  described  as  a  breakaway  oxidation  reaction  where 
rapid  oxidation  and  oxide  spallation  occur.  The  onset  of  the  breakaway  oxidation  is  strongly 
temperature  dependent  and  occurs  earlier  in  time  as  the  temperature  is  raised. 

(2)  Replacement  of  Si  with  5  at.%  Ge  appears  to  have  a  very  remarkable  influence  with  the  onset 
of  breakaway  oxidation,  which  is  delayed  by  at  least  an  order  of  magnitude  in  time. 

(3)  Replacement  of  Cr  with  Fe,  or  adding  B  may  have  a  detrimental  effect  in  oxidation  resistance. 
The  oxide  scales  in  the  latter  two  alloys  tend  to  break  up  into  fine  powder  rather  than  stay  as  a  compact 
sheet.  The  positive  effect  of  Ge  appears  to  be  somewhat  lost  when  part  of  Cr  is  replaced  with  Fe. 

The  results  of  the  microstmctural  studies  can  be  summarized  as: 
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(1)  In  general,  the  equilibrium  compositions  of  the  phases  varied  only  slightly  between  different 
heat-treatment  temperatures,  suggesting  that  the  phase  boundaries  are  quite  steep  in  this  region  of  the 
multicomponent  phase  diagram. 

(2)  The  solubility  of  Si  as  well  as  Ge  in  the  solid  solution  is  very  low,  while  a  substantial  amount  of 
Cr  and  most  of  the  Sn  remains  in  the  solid  solution. 

(3)  The  two  silicides  may  be  easily  distinguished  from  their  compositions  as  the  NbsSfe-and  the 
TisSfe-type  phases  are  associated  with  Nb/Ti  atomic  ratios  of  approximately  1.8  to  2.0  and  0.8  to  0.9, 
respectively. 

(4)  Both  of  the  silicides  are  enriched  in  Ge  presumably  substituting  for  Si  in  their  crystal  stmctures 
while  Hf  clearly  shows  preferential  partitioning  into  the  TisSfe-type  phase.  These  experimental 
observations  are  in  conformity  with  expected  alloying  behavior  based  on  their  binary  phase  diagrams. 

(5)  There  is  a  substantial  difference  in  the  oxidation  behavior  of  the  P  phase  and  the  silicide  phase. 
Oxygen  diffuses  through  the  P  phase  very  rapidly  and  forms  oxides,  while  it  leaves  the  silicide  phase 
virtually  unattacked.  It  appears  that  oxygen  permeability  in  Mb  alloys  has  not  been  affected  to  the 
extent  of  obtaining  an  oxidation-resistant  Nb  sohd  solution.  Grain  boundaries  and  interfaces  appear  to 
assist  the  oxygen  diffusion  in  the  alloy. 

(6)  The  general  mechanism  of  oxidation  in  these  alloys  seem  to  be  controlled  by  oxygen  dissolution 
in  the  P  phase  and  precipitation  of  the  oxide  at  the  grain  boundaries  wifliin  the  p  phase  and  the  p/silicide 
interfaces.  Consequently,  an  adherent  oxide  scale  forms  on  the  alloy  surface  and  oxidation  continues. 

(7)  During  oxidation  at  temperatures  below  approximately  1000  °C,  the  surface  of  the  alloy,  just 
below  the  adherent  oxide  scale,  contained  numerous  cracks  (mostly  in  the  silicide  phase)  parallel  to  and 
following  the  contour  of  the  sample  surface. 

From  all  of  the  experimental  results,  it  appears  that  the  mechanism  of  oxidation  of  multicomponent  alloys 
containing  sihcide  is  not  changed  to  any  extent  by  alloy  chemistry,  though  die  kinetics  appear  to  be  quite 
influenced.  Clearly,  oxygen  diffusion  into  the  P  phase  occurs  rapidly,  and  due  to  the  substantial 
solubility  for  oxygen  even  in  the  multicomponent  alloys,  alloy  oxidation  is  quite  rapid.  Selective  internal 
oxidation  of  alloying  elements  like  Hf  appear  to  occur  due  to  their  high  thermodynamic  stabihty.  Oxygen 
solubility  in  the  silicide  phase  appears  to  be  quite  limited,  and  so  does  oxygen  diffusion.  Oxygen 
diffusion  is  substantially  aided  by  the  internal  defects  in  the  alloy  with  tire  grain  boundaries  and  phase 
boundaries  acting  as  short-circuit  diffusion  paths.  EXuring  these  stages  of  oxidation,  the  kinetics  of 
oxidation  can  be  roughly  described  by  a  modified  Wagner  mechanism  in  which  diffusion  of  oxygen 
through  the  oxide,  as  well  as  substantial  dissolution  of  oxygen  in  the  P  phase,  is  considered  and  a  cubic 
law  can  describe  the  weight  change  kinetics.  As  the  reaction  proceeds,  rapid  diffusion  of  oxygen 
through  the  oxide  scale  leads  to  a  linear  (or  breakaway)  stage  of  oxidation  kinetics,  aided  by  oxide  scale 
spallation. 
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2.1.11  Oxidation  Behavior  of  aMo-Mo3Si-Mo5SiB2  (T2)  Three-Phase  System 

The  oxidation  resistance  of  Mo  can  be  significantly  enhanced  by  additions  of  Si  and  B  to  produce  the 
intermetallic  phases  MosSi  and  MosSiBa  in  equilibrium  with  the  Mo  phase.  Initial  cyclic-oxidation  tests 
at  1200  °C  revealed  that  a  minimum  of  1 1  at.%Si  and  9  at.%B  in  Mo  are  required  to  make  a  significant 
improvement.  The  cyclic  oxidation  kinetics  and  microstmcture  of  the  oxide  scales  were  investigated  for 
the  Mo- 1 1  at  %Si- 1 1  at  %B  alloy  from  600  to  1400  °C.  This  composition  was  cast  and  heat  treated 
(1600  °C/24  h  and  1700  °C/48  h)  to  produce  a  coarse  three-phase  microstructure  containing  ~37 
vol%  Mo  phase  in  a  two-phase  intermetallic  (MosSi  +  MosSiBa)  matrix.  The  overall  oxidation  behavior 
for  the  entire  temperature  regime  was  governed  by  a  competition  between  volatilization  of  Mo  as  M0O3 
gas  and  the  passivation  provided  by  the  formation  of  borosilicate  glass  (B-Si02)  scale.  At  low 
temperatures  (^800  °Q,  even  through  the  formation  of  the  B-Si02  is  thermodynamically  favored,  the 
M0O3  phase  grew  very  rapidly  and  its  volatilization  provided  no  protection.  From  800  to  900  °C,  the 
kinetics  showed  a  rapid  transient  weight  loss  due  to  M0O3  volatilization  and,  a  steady-state  weight  loss 
associated  with  the  formation  of  a  porous  outer  B-Si02  scale  and  continuous  escape  of  M0O3  gas, 
thereby  providing  a  limited  oxidation  protection.  At  and  above  1000  °C,  the  oxide  scale  consisted  of 
relatively  solid  and  well-adherent  outer  B-Si02  scale  and  an  inner  reaction  zone  consisting  of  aMo  and 
SiOa  phases.  In  the  temperature  regime  of  1000  to  1300  °C,  there  was  a  high  degree  of  oxidation 
protection  characterized  by  low  transient-  and  steady-state  weight  losses.  Preoxidation  at  1300  °C 
beyond  the  transient  stage  (i.e.,  an  exposure  of  4  h)  provided  a  significant  oxidation  protection  at  800 
°C. 

2.1.12  Basic  Oxidation  Mechanisms  in  Mo-Si-B  Ternary  Alloys 

To  understand  the  mechanisms  of  oxidation  of  Mo-Si-B  alloys,  a  systematic  investigation  was 
conducted.  The  oxidation  kinetics  of  a  pure  silica-coated  molybdenum  were  studied  and  compared 
with  the  kinetics  of  a  Mo-reinforced  B-Mo3Si  alloy  rmder  identical  conditions  in  the  temperature  range 
of  500  to  800  °C.  The  results  were  analyzed  to  understand  the  rate- limiting  processes  in  the  different 
temperature  range.  The  relative  kinetics  of  silica-scale  formation,  oxidation  of  B,  volatilization  of  B2O3, 
volatilization  of  M0O3  and  the  viscosity  of  fixe  B-Si02  were  identified  as  key  parameters  that  determine 
tile  kinetics  of  the  oxidation  of  tiie  alloy  in  the  temperature  range  of 500  to  1300  °C.  Based  on  initial 
results,  the  following  was  proposed  and  experiments  conducted  to  answer  key  questions.  During  the 
transient  stage  there  is  evaporative  loss  of  Mo  as  M0O3  (gas).  This  is  impeded  and  slowed  significantly 
by  the  formation  of  silica.  Full  coverage  of  the  surface  is  ensured  by  the  fluxing  of  the  silica  by  B2O3  that 
forms  by  oxidation  of  B.  The  lowered  viscosity  due  to  the  presence  of  B2O3  must  play  a  significant  role 
in  the  coverage,  since  no  protection  is  obtained  in  Mo- Si  alloys  of  similar  compositions  with  no  B. 

Soon  after  the  B-containing  silica  forms,  the  kinetics  is  slowed  down  to  a  parabolic  weight  change, 
presumably  limited  by  oxygen  difiusion  through  the  silica  scale.  The  further  oxidation  of  Mo  requires  the 
permeation  of  gaseous  M0O3  through  the  scale.  It  is  also  known  from  ceramics  literature  that  B2O3  is 
volatile  above  ~1 100  °C.  It  is  proposed  that  at  1300  °C,  B2O3  is  lost  fi'om  the  scale  early,  resulting  in 
a  low  B-containing  silica  that  has  a  sufficientiy  high  viscosity  to  minimize  M0O3  permeation.  At  800  °C, 
the  B-rich  silica  scale  is  much  less  viscous,  allowing  M0O3  to  permeate  by  bubbling  through  the  scale. 

B  also  is  known  to  enhance  oxygen  difiusion  in  silica;  thus  the  scale  thickness  is  higher  at  800  °C.  From 
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the  experimental  results  (weight  change  data),  it  was  clear  that  there  is  a  transition  from  paraboUc  weight 
loss  to  parabolic  weight  gain  as  the  temperature  is  decreased  fix)m  800  °C  to  500  °C,  with  a  narrow 
temperature  window  around  700  °C  where  the  weight  loss  is  linear.  At  650  °C,  there  is  a  linear  weight 
loss,  beyond  a  transient  increase  in  weight.  The  higher  temperature  weight  changes  show  a  transient 
rapid  weight  loss.  However,  the  low  temperature  regime  does  not  show  any  transient.  X-ray 
dif&action  of  the  scales  showed  that  the  oxidation  scale  formed  was  solid  M0O3  at  lower  temperatures. 
There  was  no  significant  scale  formation  at  700  °C  in  the  case  of  pure  Mo.  Comparing  results  on  Mo 
and  Mo-Si- B,  it  was  seen  that  even  when  the  scale  is  entirely  M0O3,  the  presence  of  Si  and  B  in  the 
alloy  helps  slow  the  kinetics  of  oxidation.  A  comparison  of  the  data  showed  that  the  Mo-Sir  B,  is 
shghtly  superior  even  in  the  regime  where  no  scale  forms.  The  kinetics  are  parabolic  weight  gain  below 
700  °C  and  linear  weight  loss  at  and  above  700  °C,  consistent  with  the  results  obtained  on  the  Mo-Si- 
B  alloy.  The  critical  temperature  range  where  practically  no  protection  exists,  was  identified  as  700  to 
750  °C.  Attempts  to  improve  the  oxidation  resistance  of  this  system  must  focus  on  this  temperature 
range  [2]. 

2.1.13  Effect  of  Alloying  Additions  on  the  Phase  Equilibria  and  Oxidation  in  the 
Mo-Si-B  System 

As  described  in  the  previous  section,  the  oxidation  resistance  of  the  ternary  Mo-Si-B  compositions 
within  the  aMo  -  MosSi  -  Mo5SiB2  phase  field  is  not  adequate  for  the  entire  temperature  range  (600  to 
1400  °Q  for  high-pressure  turbine  blade  apphcations  under  the  IHPTET  program.  Therefore,  it  was 
decided  to  explore  whether  selected  alloying  additions  can  significantly  improve  the  oxidation  behavior, 
particularly  at  low  temperatures.  The  alloying  elements  investigated  were  W,  Nb,  V,  Cr,  Re,  Ge,  Al, 
Hf  and  Ti+Cr  and  a  range  of  compositions  were  melted  and  heat  treated  to  obtain  information  on  phase 
equihbria  at  selected  temperatures  prior  to  oxidation  exposures.  The  additions  are  listed  in  Table  1. 
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Table  1.  Compositions  of  Quaternary  Mo-Si-B-X  and  Quinaiy 
Mo-Si-B-X-Y  Alloys 


Element 

Composition/Composition  Range  (Atomic  Percent) 

W 

Mo- 7.5  to  30W  -  15  to  19.5Si  -  5  to  lOB 

Nb 

Mo-30Nb-30Si-10B 

V 

Mo-20  to  30V  -  12  to  30Si  -  6  to  1  OB 

Cr 

Mo-20Cr-12Si-10B 

Re 

Mo-7.5  to  23Re  -  7.5  to  20  Si-lOB 

Ge 

Mo-5Ge-llSi-8B 

A1 

Mo-5Al-llSi-llB 

Hf 

Mo-0.3  to  lOHf  -  9  to  12Si  -  9  to  12B 

Ti+Cr 

Mo-18Ti-llCr-9Si-9B 

The  important  findings  of  the  effects  of  alloying  additions  to  the  base  composition  on  phase  relations  and 
oxidation  behavior  are  summarized  below. 

(1)  For  W  and  Nb  additions,  it  is  possible  to  obtain  a  phase  equilibrium  consisting  of  the  metal 
phase  +  5:3  silieide  +  T2;  however,  this  requires  high  levels  of  W  (~  30  at.%)  and  Nb  (~  25  at.%).  The 
oxidation  resistance  for  these  high  W-  and  Nb-containing  compositions  is  significantly  inferior  to  the 
base  Mo- 1 1  Si- 1  IB,  most  probably  due  to  selective  oxidation  of  W  and  Nb,  thus,  interfering  with  the 
formation  of  a  continuous  and  protective  B-Si02  glass.  For  lower  W  contents,  i.e.,  in  the  metal  +  3:1 
silieide  +  T2  phase  field,  the  oxidation  resistance  is  also  inferior  to  the  base  temaiy  alloy  (Mo- 1 1  at.% 
Si- 1 1  at.%B)  at  both  800  and  1300  °C.  Lower  Nb  contents  have  not  been  investigated. 

(2)  For  Cr  and  V  additions,  the  phase  relations  showed  the  existence  of  two  three-phase  fields: 
metal  +  3:1  silieide  +  T2  and  3: 1  silieide  +  T2  +  5:3  silieide.  For  no  composition,  it  is  possible  to  obtain 
metal  +  T2  +  5:3  silieide  equilibrium.  At  800  °C,  all  Cr-  and  V-containing  alloys  exhibited  worse 
oxidation  resistance  than  that  for  the  base  ternary.  At  1300  °C  the  quaternary  alloys  exhibited  oxidation 
resistance  somewhat  similar  to  that  of  the  ternary  alloys. 

(3)  Re  additions  produced  complex  phase  relations  and  stabilized  the  intermetallic  a  (MoRe) 
phase.  Phase  equilibria  indicate  the  existence  of  a  three-phase  field:  metal  +  3: 1  silieide  +  T2,  and,  two 
four-phase  fields:  metal  +  3:1  silieide  +  T2  +  o  and  3: 1  silieide  +  T2  +  a  +  5:1  silieide.  Limited 
oxidation  experiments  showed  that  Re  additions  were  not  beneficial  for  oxidation  resistance. 

(4)  Small  amounts  of  Ge  and  A1  additions  studied  did  not  alter  the  basic  ternary  Mo-Si-B  phase 
equilibria.  Oxidation  resistance  was  found  to  be  inferior  in  these  compositions  as  compared  to  that  in 
the  temaiy  Mo-Si-B  composition. 


(5)  A  number  of  Hf  additions  were  explored  at  two  different  Si  +  B  levels.  At  all  levels,  Hf 
additions  did  not  improve  the  oxidation  protections. 

Thus,  the  most  significant  finding  is  that  all  alloying  additions  explored  did  not  produce  a  better 
oxidation-resistant-composition  than  the  base  ternary  Mo-Si-B  alloy,  hi  fact,  almost  all  alloying 
additions  made  the  oxidation  behavior  significantly  worse,  leaving  the  ternary  base  alloy  system  witii  the 
best  overall  behavior  achieved  to  date.  It  is  possible  that  other  alloying  elements  (e.g.,  rare-earth 
additions)  might  be  worth  exploring,  however,  it  is  not  clear  whether  there  is  any  scientific  rationale  for 
selection. 

2.1.14  MoSi2  Barrier  Coating  on  Mo-Si-B  Alloys 

Since  there  is,  at  present,  no  obviously  reasonable  alloying  approach  for  enhanced  oxidation  resistance 
beyond  the  behavior  of  the  ternary  base  alloy,  it  was  decided  to  explore  application  of  an  oxidation- 
resistant  coating.  A  simple  chemical  vapor  deposition  (CVD)  process  was  used  to  enrich  the  surface 
of  a  Mo- 1 1  Si-9B  sample  with  Si.  The  base  alloy  was  heat  treated  for  homogenization  at  1 550  °C  for 
100  h,  followed  by  1400  °C  for  100  h  in  argon.  A  coupon,  ~  5-mm  cube,  machined  fi'om  the  heat- 
treated  alloy,  was  encapsulated  in  an  evacuated  quartz  tube  together  with  1  g  Si  powder  and  20  mg 
ammonium  chloride  and  annealed  at  850  °C  for  10  h.  This  process  produced  a  feirly  uniform  coating,  ~ 
25  pm  thick.  Energy  dispersive  analysis  (EDX)  and  x-ray  diffiaction  revealed  this  coating  to  be  MoS^. 
The  coated  coupon  and  an  uncoated  coupon  were  subjected  to  cyclic  oxidation  at  800  °C  for  200  h, 
followed  by  cyclic  oxidation  at  1300  °C  for  additional  200  h.  The  coated  sample  survived  all  of  the 
cycles  with  virtually  no  loss  of  weight,  hi  comparison,  the  uncoated  sample  exhibited  considerable 
weight  loss.  Thus,  a  simple  coating  process  (which  has  not  been  optimized  yet)  provides  a  high  degree 
of  protection. 

As  mentioned  earlier,  it  is  possible  that  the  ongoing  development  efforts  will  not  succeed  in  achieving 
adequate  oxidation  resistance  in  the  Mo-Si-B-X  alloys.  Therefore,  if  the  surface  coating  has  to  provide 
the  only  significant  protection  in  service,  then  such  coating  has  to  be  the  prime  reliant  coating.  This 
means  that  the  coating  should  be  highly  reliable  and  durable,  i.e.,  it  should  not  fail  under  complex 
thermomechanical  loading  and  environmental  cycles  present  in  a  turbine  engine.  This  necessitates  further 
work  on  coating  optimization  and  testing  for  reliability  and  durability.  Such  effort  is  presently  underway. 

2.1.15  Mechanical  Properties  of  the  Mo-Si-B  Alloys 

Limited  work  was  done  to  measure  the  bend  strength  and  fracture  toughness,  Kq  of  nonconsumable 
arc-melted  and  heat-treated  Mo-  12Si-  12B  and  consumable  arc-melted  and  extruded  (1800  °C,  4;  1 
ratio)  and  heat-treated  Mo-7.4Si-8.5B  alloys  (compositions  are  in  at.%).  The  heat  treatment  for  both 
compositions  consisted  of  exposing  the  test  samples  at  1600  °C/24  h  and  1700  °C/48  h  in  inert 
atmosphere.  Compressive  creep  was  also  carried  out  for  the  Mo-  12St-  12B  alloy.  This  alloy  contained 
~32%  volume  of  Mo  phase  and  the  remainder  a  mixture  ofMoaSi  and  Mo5SiB2  phases.  The  bending 
fiacture  strength  for  the  Mo- 1 2Si-  12B  was  found  to  be  ~600  MPa  at  RT,  ~670  MPa  at  1 000  °C  and 
~700  MPa  from  1200  to  1400  °C.  The  material  was  brittle  (zero  ductility)  up  to  1200  °C;  at  and 
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above  this  temperature  the  load-deflection  curves  exhibited  some  nonlinearity  with  very  small  deflections 
beyond  the  elastic  limit.  SEM  observations  of  the  fiacture  surfeces  showed  mixed  cleavage  and 
intergranular  fracture  at  room  temperature,  with  Mo  phase  exhibiting  mostly  a  cleavage  mode.  At  1400 
°C,  the  fiacture  modes  consisted  of  brittle  cleavage/intergranular  propagation  through  the  intermetallic 
MosSi  and  Mo5SiB2  phases  and  significant  plastic  stretching  of  the  Mo  phase.  The  single-edge  notch 
bending  toughness  (Kq)  for  the  Mo- 1 2Si-  12B  was  determined  to  be  ~  1 5  MPaVm  at  room 
temperature  and  between  10.5  to  14  MPaVm  from  800  to  1400  °C.  For  the  Mo-7.4Si-8.5B 
composition  (containing  ~  55  vol%  Mo  phase),  the  room  temperature  bending  fiacture  strength  was  ~ 
450  MPa,  which  gradually  increased  to  ~  700  MPa  at  1200  °C.  Below  1200  °C,  there  was  no 
ductility  (absence  of  nonlinearity  in  the  load-deflection  curves),  at  1200,  and  at  1400  °C  some,  ductility 
was  observed  wifli  elastic-limit  stress  values  of 405  MPa  and  240  MPa,  respectively.  For  this 
composition,  the  Kq  values  were  determined  to  be  ~  10  MPaVm  at  room  temperature  and  16  MPaVm 
at  1200  °C. 

Instrumented  compressive  creep  was  carried  out  on  Mo-  12Si-12B  at  1200  and  1300  °C  in  inert 
atmosphere.  At  1200  °C,  the  minimum  creep  rates  were  determined  to  range  fi'om  lO"®  to  4x10'^  s  ’  at 
stress  values  ranging  from  100  to  180  MPa.  At  1300  °C,  for  the  same  stress  range,  the  minimum  rates 
ranged  fix)m  8  xlO'^  to  7x10  *  s"'.  This  creep  performance  was  compared  with  other  prospective  high- 
temperature  stmctural  materials,  including  NbsSia,  Nb  +  NbsSfe,  M05  (Si,  B)3,  MoSfe  +  SiC  (whiskers), 
TZM,  Rene  N6  and  MoSfe.  The  creep  resistance  of  the  Mo-12Si-12B  was  significantly  superior  to 
that  for  all  of  these  materials  except  NbsS^. 

2.2  TiAl  ALLOYS:  DEVELOPMENT,  PROCESSING,  AND  EVALUATION 
2.2.1  Introduction  of  Research  Programs 

The  gamma  research  activities  that  have  been  performed  during  the  last  5  years  are  divided  into  three 
major  areas,  that  is,  optimization  of  K5  alloys,  evaluation  of  IHPTET  gamma  rotor/disk  alloys,  and 
development  of  very  high-temperature  gamma  alloys.  The  optimi2ation  effort  on  K5  series  alloys  has 
been  made  through  chemistry  modification,  controlling  refined  microstmctures  for  improved  balance  in 
tensile  and  fatigue  behavior,  and  by  introducing  strengthening  particles  (carbides  and  silicides)  for 
greater  creep  resistance.  Effort  was  made  to  evaluate  rollability  and  rolled  sheet  of  ICS  alloys.  Progress 
was  made  in  the  development  of  a  new  class  of  gamma  alloys  for  very  high- temperature  applications: 
Alloy  compositions  were  formulated  to  contain  increased  amounts  of  Nb  and  other  elements.  While 
some  success  was  achieved  in  enhancing  the  oxidation  resistance,  further  improvements  in  both 
oxidation  and  creep  resistance  is  required  in  this  ongoing  program.  For  the  last  2  years,  an  accelerated 
effort  was  undertaken  toward  evaluating  IHPTET  rotor/disk  alloy  395M  extrusions  and  forgings. 
Improved  understanding  of  ingot  metallurgy  resulted  fi'om  fliis  work,  and  this  led  us  to  identify  a  better 
alloy  chemistry  and  improved  melting  conditions  and  parameters.  Investigations  were  made  to  evaluate 
the  oxidation  resistances  of  all  gamma  alloys,  including  existing  gamma  alloys.  Collaboration  work  in 
some  specific  areas  has  been  pursued  with  academia  and  industry,  and  some  of  them  are  summarized 
also  in  this  report. 
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2.2.2  K5  Alloys:  Design  and  Evaluation 


This  program  was  to  design  K5  alloys  in  wrought-processed  forms  with  improved  creep  resistance  and 
balance  in  other  properties.  The  ultimate  goal  is  to  define  K5  alloy  compositions  and  processing  routes 
that  can  yield  optimized  combinations  of  grain  size/morphology,  lamellar  spacing  and  grain  boundary 
morphology.  A  series  of  K5  alloys  was  formulated  on  the  basis  of  by  basic  understanding  in  the  areas 
of  microstmcture  evolution  through  exploration  of  controlled  processes  and/or  heat  treatments; 
composition- stmcture-property  relationships;  and  the  individual  and  synergistic  effects  of 
alloying/microalloying  additions  on  grain  refining,  mechanical  behavior,  and  environmental  resistance. 
This  alloy  system  in  wrought-processed  microstmctural  forms  has  demonstrated  significantly  inqrroved 
resistance  to  deformation/fiacture  at  all  temperatures,  as  well  as  high-temperature  oxidation  over  the 
current  alloys.  Introducing  and  distributing  small  amounts  of  fine,  stable  precipitates  (carbides  and 
silicides)  was  found  to  result  in  improved  high-temperature  capabilities,  such  as  in  creep  resistance 
fetigue-damage,  and  sustained- load-crack-propagation. 

2.2.2.1  Alloy  Chemistry  Modification 


On  the  basis  of  the  fimdamental/practical  understanding  made  in  the  individual  and  synergistic  effects  of 
alloying  additions,  the  alloy  K5  (Ti-46.5Al-2Cr-3Nb-0.2W)  was  first  formulated  as  the  base 
composition;  it  exhibited  good  microstructural  controllability,  reasonable  strength  levels  in  standard 
wrought  microstructural  forms,  and  excellent  oxidation  resistance.  A  nrrmber  of  alloys  were  empirically 
formulated  according  to  preliminary  property  evaluation  and  accumulated  knowledge  of  alloying  effects. 
Selected  alloys  have  been  extensively  characterized  for  microstmcture  control  and  process 
development,  and  they  are  listed  in  Table  2.  Collectively,  this  effort  is  leading  us  to  the  introduction  of  a 
new-generation  (wrought)  K5-series  alloy  system,  K5-(46.0-46.5)Al-2Cr-3Nb-(0-0.2)B-(0.03- 
0.25)C-(0-0.2)Si. 


Table  2.  K5-Series  Alloy  Compositions  (at.%) 


Alloy 

Ti 

A1 

Cr 

Nb 

W 

B 

C 

Si 

0 

Others 

K5 

Bal 

46.5 

2.0 

3.0 

0.2 

0.03 

0.17 

K5R 

Bal 

46.5 

2.0 

3.0 

0.2 

0.03 

0.17 

K5-Hf 

Bal 

46.0 

2.0 

2.5 

0.2 

0.15 

0.19 

IHf 

K5S 

Bal 

46.5 

2.0 

3.0 

0.2 

0.03 

0.2 

0.18 

K5CS 

Bal 

46.5 

2.0 

3.0 

0.2 

0.1 

0.2 

0.18 

K5BC1 

Bal 

46.4 

2.0 

3.0 

0.2 

0.16 

0.12 

0.17 

K5BC2 

Bal 

45.8 

2.0 

2.8 

0.2 

0.2 

0.16 

0.19 

K5BCS 

Bal 

46.4 

2.0 

2.6 

0.2 

0.1 

0.22 

0.15 

0.18 

KDBCS 

Bal 

46.5 

2.0 

2.8 

0.24 

0.1 

0.22 

0.15 

0.17 
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Table  2  Note:  All  alloy  ingots  weighing  25  kg  were  produced  using  the  ISM  technique,  except  for 
the  KD  350  kg,  which  produced  by  the  (Plasma  Arc  Melting)  PAM  process.  For  ISM  ingots, 
tungsten  was  added  in  the  melt  as  elemental  particle  forms  with  two  different  sizes. 
Approximately  1-pm  particles  were  used for  all  alloys  other  than  for  K5-R  where  coarser  (~10 
pm)  tungsten  particles  were  applied. 

2.2.2.2  Microstructure  Control  and  Process  Development 

Two  distinct  methods  to  control  desired  microstmctures  (especially  fully  lamellar  (FL))  were  developed 
and  designed  for  wrought-processed  K5  alloys.  These  include  thermomechanical  treatments  (TMT)  for 
refined  lamellar  material,  and  thermomechanical  processing  (IMP)  for  producing  in  situ  lamellar 
material. 

2. 2. 2. 2. 1  Control  by  TMT  Methods 

FL  grain  sizes  (GS)  produced  in  wrought  material  of  the  base  alloy  K5  (Table  2)  were  generally  greater 
than  400  pm  and  as  large  as  over  1000  pm,  depending  on  annealing  temperature  and  time.  Two 
approaches  were  developed  to  refine  FL  grains,  that  is,  annealing  in  a  two-phase  field  and  introduction 
of  boron  in  the  boride  forms.  The  two-phase  annealing  consisted  of  forging  or  extrusion  of  alloy  ingots 
and  annealing  of  the  material  at  a  near-alpha  temperature  in  either  an  alpha  +  gamma  field  or  a  a^)ha  + 
beta  field.  This  annealing  resulted  in  refined  alpha  grains.  Addition  of  coarse  (instead  of  fine)  W 
particles  (alloy  K5R)  or  a  Hf  addition  (alloy  K5-Hf)  resulted  in  widening  the  alpha  +  beta  field,  allowing 
the  lamellar  GS  to  be  controlled  in  the  range  of  500  to  100  pm,  depending  on  the  alpha/beta  volume 
ratio  present.  Adding  small  amounts  of  boron  in  the  alloys  was  found  to  be  more  effective  and 
convenient  in  refining  lamellar  grains,  and  accordingly  most  of  K5  alloys  (Table  1)  were  formidated  to 
contain  boron.  Standard  conditions  to  produce  these  wrought  TMT  lamellar  materials  were  established 
fi'om  the  experiments,  as  follows: 

•  Annealing  of  wrought  material  for  10  min  to  4  h  at  T  in  the  alpha  or  alpha  +  beta  field 

•  Fiunace  cooling  (>5  °C/min)  or  air  cooling  (AC)  to  a  quench  temperature 

•  Quench  temperatures  are  set  in  the  range  of  1250  °C  to  900  °C 

•  AC  to  Room  Temperature  (RT)  from  the  quench  temperature. 

All  heat  treatments  involved  in  the  TMT  process  were  conducted  on  bare  material  in  air,  and  under  aU 
heat-treatment  conditions,  the  oxygen- affected  surface  layer  (including  oxide  scale)  was  shallow  and  did 
not  exceed  300  pm  after  4  h  annealing. 

2. 2. 2. 2. 2  Control  by  TMP  Methods 

Thermomechanically  processed  lamellar  (TMPL)  microstmctures  were  produced  when  a  canned 
worlq)iece  is  hot  worked,  while  it  is  in  the  alpha  phase,  in  warm  or  cold  dies.  Three  different  TMPL 
methods  identified  are  alpha  extrusion,  alpha  forging,  and  alpha  rolling.  When  controlled  properly,  the 
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lamellar  microstmctures  unique  to  each  method  are  formed  during  cooling  in  the  deformed  alpha  matrix 
after  hot  deformation  is  ceased.  The  microstmctural  features,  such  as  colony  size,  lamellar  spacing,  and 
texture,  were  found  to  be  controlled  by  the  deformation  and  stress-state,  reciystalUzation  and  grain- 
growth  kinetics,  grain  size,  and  cooling  rate  in  the  deforming  and/or  deformed  alpha  phase.  Some  of 
these  factors  appeared  to  be  processing- specific,  and  thus  are  fixed.  Alpha  extrusion  of  either  as  cast- 
ingot  or  hot- worked  material  resulted  in  situ  lamellar  microstmctures  with  various  colony  sizes  (50  to 
400  |im)  having  nonconventional  morphology  appearances  which  depended  on  pre-extrusion  soaking 
temperature  and  extmsion  ratio.  The  formation  process  and  growth  kinetics  of  the  alpha-extraded 
lanellar  stmctuie  and  its  texturing  has  not  been  investigated  in  detail.  Boron  additions  tended  to  reduce 
the  anisotropy.  The  alpha  forging  (AF)  process  consists  of  forging  a  canned  work  piece  during  cooling 
but  while  in  the  alpha  state.  Alpha  forging  textures  the  alpha  grains  radially  or  in  the  material’s  flow 
directions.  Forging  operation  should  end  before  the  lamellar  formation  begins,  and  uniquely  defined 
lamellar  stmctures  form  in  the  unstressed  matrix  during  the  subsequent  cooling  period.  Regardless  of 
their  morphologies  and  sizes,  the  alpha-forged  microstmcture  was  foimd  to  exhibit  a  [1 10]  fiber  texture 
with  respect  to  the  forging  plane.  Remarkable  tensile  strength  and  widely  ranging  tensile  ductility  were 
obtained  through  this  process.  Conditions  and  parameters  for  producing  these  FL  microstmctures  were 
quantified  by  combining  microstmctural  observations,  and  modeling  the  process  relating  transfer  time, 
die  temperature,  ram  speed,  and  cooling  rates  in  specific  locations  in  flie  billets.  Alpha  rolling  to 
produce  another  in  situ  lamellar  material  was  experimented  in  collaboration  with  Plansee  by  pack-rolling 
canned  work  pieces  successively  after  presoaking  at  a  temperature  near  the  alpha  transus.  The  first  trial 
was  not  entirely  successful  in  producing  FL  material;  howevCT,  it  demonstrated  the  possibility  to 
produce  fine  FL  microstmctures  (much  smaller  than  the  alloy  sheet  thickness)  by  properly  selecting  the 
soaking  temperatures  and  rolling  conditions/parameters. 

2.2.2.23  Stabilization  Treatments 

To  achieve  thermally  stable  sound  material  conditions  at  usage  temperatures,  aging  treatments  at  low 
temperatures  were  given  on  all  samples  treated  or  processed  at  the  high  temperatures  described.  For 
anticipated  use  at  760  °C,  the  aging  temperature  was  empirically  determined  to  be  900  °C,  and  holding 
for  50  h  resulted  in  the  best  creep  resistance.  This  aging  broke  up  the  alpha  plates  into  ellipticaLshaped 
particles,  while  generating  carbides  and  silicides  in  between,  as  described  later.  Prolonged  aging  at  this 
temperature  coarsened  these  particles  reducing  the  creep  resistance.  Depending  on  use  temperature 
and  property  requirements,  it  may  be  important  to  estabhsh  the  optimum  aging  conditions,  and  thus 
detailed  experiments  in  this  are  required. 

2. 2. 2. 2. 4  Multistep  Forming  Experience 

An  industrial  size  ingot  of  alloy  BCD,  weighing  336  kg,  was  produced  using  the  single-melting  PAM 
technique  at  Pratt  &  Whitney  (P&W).  The  ingot  was  machined  to  a  76-cm  long  biUet  wifii  33-cm 
diameter,  which  was  then  wrapped  with  ceramic  felt  and  canned  in  a  45-cm-diameter  stainless  steel 
can.  The  canned  billet  was  homogenized  at  1320  °C  for  6  h,  and  then  extruded  to  a  cylindrical  rod 
form  at  a  6: 1  extrusion  ratio.  The  extrusion  rod  was  machined  to  20-cm-long  billets  that  were 
isothermally  forged  to  7-cm-thick  plates  (65  percent  reduction).  Some  of  the  billets  were  isothermally 
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forged  at  1 159  °C  to  2.5-cm-thick  plates  (88  percent  total  reduction)  by  the  two-step  process.  These 
forgings  were  given  alpha  treatments  to  produce  standard  TMT  lamellar  microstmctures.  The  grain 
sizes  in  these  lamellar  materials  (LM)  were  measured  to  range  widely  between  300  and  over  700  pm. 
The  low  boron  content  (0.1  at.%,  Table  1)  and  nonuniform  distribution  of  borides  were  responsible  for 
this.  For  the  same  boron  content,  the  grain  sizes  were  qualitatively  estimated  to  be  coarser  than  those 
generated  in  ISM  ingots  that  were  wrought  processed.  Two  7-cm-diick  plates  were  canned,  annealed 
at  13 10  °C,  the  maximum  temperature  of  foe  fomace  at  foe  Wyman-Gordon  Houston  forging  facility, 
and  forged  to  2-cm- thick  plates  in  dies  to  700  °C,  followed  by  oflf-press  cooling  to  RT.  The  alpha 
transus  of  alloy  KD  is  1321  °C,  so  foe  resulting  microstmcture  was  not  entirety  FL.  The  originally 
planned  alpha  forging  (AF)  was  not  accomplished;  nevertheless,  foe  experiment  demonstrated  that  foe 
AF  process  could  be  scaled  up. 

2.2.2.3  Mechanical  Properties 

2.2. 2. 3.1  Tensile  Properties 

TMTL  materials  with  a  GS  range  of  100  to  400  pm  show  RT  Yield  Strength  (YS)  levels  between  450 
to  550  MPa  and  tensile  elongation  (high  as  2.0  percent).  Impressive  improvements  were  ob-  served  in 
TMPL  materials;  for  example,  alpha-extmded  LM  showed  YS  levels  reaching  as  high  as  1000  MPa  at 
RT  and  tensile  elongation  up  to  about  3  percent.  Further  increases  in  strength  are  expected  to  be 
possible  by  modifying  foe  extrusion  parameters  and  conditions  through  controlled  postextrusion  cooling 
rates,  however,  these  responses  have  not  been  demonstrated  for  large-scale  products.  Significant 
property  improvements  in  strength  were  achieved  in  AF  LM  produced  in  laboratory-scale  disk  forms; 
their  tensile  ductility  reach  as  high  as  3.5  percent  and  RT  YS  ranged  fi'om  620  to  950  MPa,  depending 
upon  foe  GS  and  compo-  sition,  m  both  longitudinal  as  well  as  transverse  directions.  Overall,  foe  fine¬ 
grained  duplex  material  is  more  sensitive  to  strain  rate  than  FL  material  in  bofo  strength  and  elongation 
variations.  Their  high-temperature  strength  retention  in  TMPL  materials  was  remarkably  high,  with  foe 
YS  ranging  firom  500  to  670  MPa  at  870  °C  and  320  to  600  MPa  at  1000  °C.  On  foe  basis  of  foe 
deformation  anisotropy  and  tensile  properties  of  LM  measured  for  GS  in  foe  range  of 200  to  3000  qm, 
and  lamellar  spacing  (LS),  X,  varying  fix)m  2  and  0.2  pm,  foe  Hall-Petch  (HP)  relationship  for  FL 
material  was  proposed  to  be  tty  =  Wq  +  k  X,d '  +  kd"  1/2.  in  this  relationship,  foe  HP  constant  is 

expressed  as  k=  a  kd  with  a  =  ally)  where  kd  is  foe  usual  GS-dependent  HP  constant,  and  a  is 
foe  anisotropy  factor,  which  is  a  function  of  LS  and  alpha-2  volume  fraction.  For  large  LS,  k 
approaches  that  of  foe  di^lex  material,  and  foe  maximum  k  value  will  be  set  by  foe  maximum 
anisotropy,  which  is  expected  to  occur  at  foe  finest  LS  for  a  given  alpha-2  volume  Suction. 
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2.2.23.2  Fracture  Toughness 

The  fracture  toughness  at  RT  was  tested  on  compact  tension  specimens  for  various  K5  alloys  in  both 
duplex  and  FL  forms.  The  typical  initiation  toughness  (Klc)  and  saturation  toughness  (Kmax)  for  these 
materials  were  16  to  18  MPa  and  from  21  to  25  MPa  for  medium- to-coarse  FL  material,  10.2  MPa 
and  10.2  MPa  for  duplex  material,  and  14.0  MPa  and  14.5  MPa  for  fine  (<40  pm)  FL  material.  These 
trends  are  consistent  with  the  dependence  of  toughness  on  GS  established  in  our  previous  contractual 
work. 

2. 2. 2. 3. 3  Fatigue  Resistance 

Hourglass- type  specimens  of  K5  specimens  having  TMTL  microstractures  were  tested  with  R=0.1  at 
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760  °C  and  870  °C  in  air  to  generate  S-N  curves  and  to  determine  the  fatigue  strength  (FS)  at  10 
cycles.  The  results  were  analyzed  in  comparison  with  those  tested  earlier  at  600  °C  and  800  °C  to 
draw  toe  following  conclusions: 

(1)  Fatigue  damage  in  gamma  alloys  takes  place  through  toe  typical  processes:  (1)  a  remarkable 
long  plastic  deformation  process;  (2)  crack  initiation  to  a  critical  size  which  is  equal  or  greater  toan  GS, 
depending  on  temperature;  and  (3)  rapid  crack  propagation  to  failure. 

(2)  At  temperatures  below  Brittle  Ductile  Transition  Temperature  (BDTT),  S-N  curves  are 
fairly  flat  FS  is  largely  controlled  by  tensile  properties,  meaning  that  fine-grained  material  is  more 
fatigue  resistant  At  higher  temperatures,  fetigue  life  depends  on  tensile  strength  under  high 
stresses,  and  under  low  stresses  (<YS),  creep  sets  in  to  reduce  toe  fatigue  life,  hi  this  case,  fully 
lamellar  material  is  more  fatigue  and  creep  resistant 

(3)  A  tensile-creep-temperature  deformation  map  was  constructed  in  toe  S-N  field.  Cleavage  fiacturing 
takes  places  below  BDTT,  and  boundary  fiacturing  is  predominant  at  higher  temperatures. 

(4)  Fully  lamellar  microstmctures  with  intermediate- size  grains  and  an  appropriate  distribution  of 
incoherent  carbides  yield  improved  balance  in  fatigue  and  HT  creep  resistance. 

2. 2. 2. 3. 4  Fatigue  Cracking  Threshold 

The  fatigue  crack  propagation  tests  conducted  on  K5  alloys  in  collaboration  with  toe  AFRL/MLLM 
mechanical  behavior  group  showed  that  toe  threshold  values  (AKth)  range  from  about  5  MPaVm  for 
duplex  material  to  7.5  to  9  MPVm  for  FL  materials.  Statistical  analysis  showed  that  AKth  values 
appear  to  be  proportionally  related  to  toe  initiation  toughness  (Klc)  values  for  a  given  material,  which 
can  be  described  as  AKth  =  a(Klc),  where  toe  constant  a  appears  to  be  material- specific  and  is  -  0.5 
for  TiAl  alloys.  For  FL  material,  this  relation  can  be  generalized  as  AKth  =  ocy(d,  A.)  by  reasonably 
assuming  that  toe  threshold  in  FL  material  is  a  function  of  GS  (d)  and  lamellar  spacing  (X).  The 
characteristic,  rapid  increases  in  fatigue-crack-growto  (FCG)  rate  were  also  observed,  with  increasing 
stress  intensity  or  crack  length.  Nevertheless,  toe  FCG  rates  in  FL  materials  are  considerably  lower 
then  those  of  duplex  materials  at  RT  and  high  temperatures. 
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2.2.2. 3. 5  Creep  Resistance 

Tensile  creep  testing  was  conducted  under  constant  loading  conditions  on  both  duplex  and  FL  materials 
of  most  of  alloys  (listed  in  Table  1)  in  air  over  the  temperature  range  of  760  °C  to  870  °C.  Both 
constant  loading  and  stress-increase  tests  were  applied. 

Both  materials  produced  under  various  cooling  rates  were  given  aging  treatments  at  temperatures  800 
°C  and  mostly  900  °C  for  varying  times  up  to  100  h.  Under  all  testing  conditions,  both  primary  creep 
and  secondary  creep  occurred  faster  for  FL  than  for  DP  materials  at  all  temperatures  and  the  difference 
became  greater  as  temperature  was  raised. 

Ptimaiy-creep  strains  in  K5  alloys,  as  observed  in  conventional  gamma  alloys,  were  measured  to  be 
large,  ranging  from  0.2  to  over  1  percent  depending  on  microstmcture  and  creep  condition.  Alloy 
modification  for  solid  solution  hardening  (e.g.,  by  W  or  Nb)  has  not  demonstrated  any  significant 
improvement  in  primary  creep  resistance.  When  aged  properly,  FL  K5  alloys  containing  Si  and/or  C 
showed  remarkable  improvements  in  creep  resistance.  The  improvements  were  greater  for  primary 
creep  than  secondary  creep  and  under  higher  stresses.  The  enhancement  was  found  to  be  due  to 
carbides  and/or  sihcides  tiiat  precipitated  out  in  stringer  forms  at  the  expense  of  alpha-2  plates.  The 
greatest  improvement  was  observed  in  K5SC  FL  material  having  large  grains  (~450  pm)  aged  at  900 
°C  for  50  h  and  tested  at  760  °C  under  high  stresses  (276  MPa).  K5  alloys  containing  B  and  C  had 
were  slightly  less  creep  resistant  than  FL  K5SC.  Relatively  finer  grains  (~200  pm)  and  coarser  LS  due 
to  the  presence  of  borides  appear  to  be  responsible  for  this.  The  effect  of  carbides  and  silicides  is 
reduced  as  the  testing  temperature  increases,  and  preliminary  analyses  showed  that  more  stable 
dispersoids  are  needed  for  long-term  exposures  at  or  above  850  °C. 

2. 2. 2. 3. 6  Creep  Crack  Growth  (CCG) 

The  crack  growth  behavior  of  K5S  under  constant  loading  conditions  was  investigated  at  650  and  800 
°C  in  a  nearly  fuUy  lamellar  microstmctural  form.  Cracking  ensued  at  stress  intensities  (K)  higher  flian 
respective  fracture  initiation  toughness.  At  650  °C,  creep  crack  extension  occurs  mainly  through 
transgranular  fincture;  however,  this  growth  process  was  exhausted  eventually.  At  800  °C,  crack 
extension  involved  extensive  plastic  deformation,  and  consisted  of  an  initial  rapid  transition  period  and  a 
subsequent  steady  state.  The  resistance  to  crack  propagation  at  650  °C  is  explained  in  terms  of  work¬ 
hardening  and  the  increased  crack  propagation  at  800  °C  in  terms  of  boundary  weakening  and  creep 
damage  in  the  plastic  zone.  The  cracking  modes  at  800  °C  were  boundary  finctures  consisting  of 
interlamellar  separation  and  intergranular  fracture,  the  latter  of  which  took  place  through  the  formation 
and  coalescence  of  voids. 

2.2.3  MicroaUoying  and  GS  Effect  of  Creep  Behavior 

Creep  resistance  of  FL  IC5  alloys  containing  C  and/or  C+S  in  both  primary  and  secondary  creep  was 
found  to  be  a  strong  function  of  aging  at  900  °C.  Upon  aging,  both  incoherent  Ti2AlC  carbides  and 
hexagonal  silicides  were  found  to  form  fixjm  the  dissolving  alpha-2  plates,  resulting  arrays  of  carbides. 
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silicides,  alpha-2  and  beta  particles.  The  strategic  distribution  of  the  particles  effectively  pinning  mobile 
dislocations  along  the  easy  slip  directions  effectively  slows  down  creep  deformation.  The  best 
resistance  was  measured  on  the  material  aged  for  50  h,  and  remarkable  improvements  in  both  die 
secondary  creep  and  primary  creep  resistances  were  observed  at  760  °C  and  800  °C.  The  minimum 
creep  rate  at  800  °C  was  reduced  by  five  to  seven- fold,  and  the  primary  creep  strain  at  760  °C/276 
MPa  was  0.2  percent  which  is  compared  with  that  (1  percent)  for  the  base  K5  alloy.  The  improvement 
of  primary  creep  resistance  became  more  significant  under  higher  applied  stresses,  but  this  apparent 
significance  has  not  been  quantified. 

However,  instantaneous  strain,  or  initial  loading  strain,  was  not  clearly  affected  by  the  presence  of 
precipitates.  On  die  basis  of  balanced  property  consideration,  the  allowable  upper  limit  for  temperature 
may  depend  on  A1  content,  but  was  suggested  to  be  0.2  at%  C  for  Ti-47A1  base  alloys  and  higher 
levels  (up  to  0.3  °C)  for  lower  Al-containing  alloys.  A  creep  study  was  made  on  a  fixed  alloy  (similar  to 
the  base  K5)  with  carefully  controlled  FL  GSs  (105  to  600  pm),  and  the  study  indicates  that  within  the 
range  investigated,  the  GS  effect  is  insignificant  at  760  °C,  but  that  large  FL  GS  yields  higher  creep 
resistance  at  temperatures  higher  than  870  °C.  The  combined  effects  of  GS  and  LS  have  not  been 
clarified  yet.  These  results  indicate  that  the  creep  behavior  measured  below  870  °C  depends  on  largely 
microstructural  features  other  than  GS,  including  dispersion  and  LS. 

2.2.4  Effect  of  Boron  on  Grain  Refinement  and  Lamellar  Formation 

As  was  described  earlier,  lamellar  grain  refinement  in  wrought-processed  K5  alloys  was  achieved 
through  the  two-phase  annealing,  alpha  processing,  or  TMP,  and  boron  addition  followed  by  TMT. 

The  most  efficient  way  was  found  to  be  adding  small  amounts  of  boron  The  boron  method  was  further 
investigated  to  confirm  if  the  method  could  be  applicable  for  any  compositions,  and  then  to  quantify  and 
understand  the  process  in  detail.  Studies  were  also  made  to  see  if  borides  influence  the  lamellar 
formation  process,  including  the  kinetics.  For  this,  experiments  were  conducted  on  both  binary  alloys 
and  K5  alloys  having  the  compositions  of  Tih(43-48)Al-(0-0.5)B  (at.%)  and  K5-(0.1-0.3)B.  Alloy 
ingots  were  forged  to  about  88  percent  reductions  and  then  given  annealing  in  the  alpha  phase  field 
followed  by  cooling  at  various  cooling  rates  and  schemes.  It  was  foimd  that  boron  additions  greater 
than  0.03at%  produced  Ti-borides  interdendritic  regions  (often  in  ribbon  forms  and  mixed  witii  beta 
phases).  Forging  broke  up  these  borides  to  form  stringer  arrangements  parallel  to  the  materials  flow 
direction,  which  effectively  retard  the  high-temperature  alpha  grain  growth.  The  greater  the  boron 
content,  the  finer  the  boride  stringer  spacing  became,  resulting  in  finer  alpha  grains.  For  the  given 
forging  reduction,  the  resulting  lamellar  GSs  for  each  alloy  set  are  quantitatively  related  to  the  boron 
content,  which  in  turn  controls  the  boride  array  spacing.  Cooling  experiments,  including  Differential 
Thermal  Analysis  (DTA)  showed  that  borides  on  grain  boundaries  help  the  gamma  phase  nucleate  to 
raise  the  lamellar  formation  temperatures.  This  led  to  the  formation  of  lath  stmctures  that  were  coarser 
and  more  inhomogeneous  than  in  alloys  containing  no  boron,  which  in  turn  lowers  the  strength  (both 
tensile  and  creep)  levels.  This  deficiency  was  alleviated  by  employing  a  faster  cooling  rate  and/or 
modifying  chemistry,  such  as  reducing  A1  content  and  microalloying  with  carbon  or  oxygen.  Using  ftie 
cooling  data  and  metallographic  observations,  a  CCT/Time  Temperature  Transformation  (TTT)  diagram 
was  constructed  to  describe  microstmcture  evolution  in  Ti-44A1  and  Tir44Al-0.2B. 
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2.2.5  Production  and  Evaluation  of  K5  Alloy  Sheet 

This  program  was  aimed  at  producing  and  characterizing  rolled  sheets  of  K5BC1  and  K5BC2  alloys 
(Table  1).  Two  billets  for  each  alloy  were  isothermally  forged  to  form  1 .2-cm-thick  plates,  and  they 
were  pack-rolled  at  Plansee  by  duplex  rolling  and  alpha-rolling  processes  to  sheets  having  the 
dimensions  of  180  x  450  x  1.0  mm^.  They  were  stress  relieved  by  annealing  at  1000  °C  for  2  h.  The 
K5  alloy  plates  were  rolled  as  easily  as  those  of  simpler  alloys  (Ti-48Al-2Cr,  for  example)  and  the 
resulting  microstractures  were  compared  and  found  to  be  finer  and  more  uniform  than  the  ternary  alloy 
sheets.  The  process  produced  duplex  microstmctures  as  well  as  an  alpha-rolled  lamellar  (ARL) 
microstmcture  which  were  fairly  uniform  and  fine  grained,  with  average  GSs  of  10  pm  and  30  pm, 
respectively.  Remarkable  tensile  property  levels,  as  compared  wifii  other  gamma  alloys,  were 
measiuod  especially  for  alloy  K5BC2:  YS=864  MPa,  UTS=980  MPa  and  fracture-strain=1.4%  at  RT; 
YS=533MPa  and  UTS=  662  MPa  at  870°C.  Similar  properties  were  measured  at  Plansee  and 
Boeing.  Fatigue  tests  on  smooth,  uniform  gage  sheet  specimens  showed  typical  SN  curves  reflecting 
uniform  microstmctures  and  the  fatigue  strength  FS  of  510  MPa  at  10^  cycles.  Tensile-creep  testing 
conducted  on  the  duplex  material  over  the  temperature  range  fi’om  700  to  840  °C  showed  that  die 
creep  resistance  is  greater  than  that  of  the  duplex  material  of  the  base  K5  alloy  in  Table  1. 

2.2.6  Evaluation  of  IHPTET  Rotor/Disk  Alloys 

This  task  was  to  evaluate  395  M  alloys  developed  for  IHPTET  compressor  disk  applications.  P&W 
produced  two  PAM  alloy  ingots  having  a  17-inch  diameter  (called  TR14)  and  a  26- inch  diameter 
(TR15)  at  Allvac;  these  ingots  were  subsequently  extraded  and  forged.  Fogged  plates  were  heat 
treated  for  fully  lamellar  microstmctures.  The  chemical  analysis  showed  that  the  composition  is  Ti- 
46.2Al-2Cr-2Nb-0.5M-0. 1 2B-0.3C-0.30  (at%).  The  carbon  and  oxygen  contents  were  greater  than 
the  nominal. 

2.2.6. 1  Characterization  of  ALlov  395  M 

2. 2. 6. 1.1  Evaluation  of  Alloy  395  M 

The  objective  of  this  added  task  was  to  conduct  an  accelerated  characterization  of  multistep  formed 
395  M  forgings  with  reductions  comparable  to  those  of  PRDA  V  rotor.  A  billet  firom  TR14  extrusion 
was  forged  into  two  plates  with  different  forging  reductions,  78  percent  and  88  percent.  FL 
microstmctures  were  produced  by  appropriate  annealing  treatments,  followed  by  relatively  slow  cooling 
(10  to  50  °C/min).  From  the  property  characterization,  the  following  conclusions  were  drawn;  1) 
Lamellar  GS  in  395M  ranges  from  100  to  over  400  pm.  The  nonuniformity  increases  with  decreasing 
forging  reduction;  2)  the  lamellar  material  exhibits  reasonably  high  tensile  strength,  creep  resistance  and 
FCG  resistance;  3)  the  lamaller  material  also  shows  unacceptably  low  tensile  ductility  (0.3  to  0.9 
percent),  and  poor  fatigue  resistance,  especially  when  forged  to  a  low  reduction;  and  4)  flie  oxidation 
resistance  is  poorer  than  that  of 4822.  It  appears  that  the  poor  ductility  stems  from  the  coarse  and 
nonuniform  grain  sizes  and  also  high  levels  of  interstitial  contents  (C  and  O).  It  will  be  important  to 
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isolate  each  effect  in  order  to  find  out  ways  of  improving  ductility.  A  separate  investigation  conducted  in 
collaboration  with  Yokohama  Univ.  showed  that  the  oxidation  resistance  is  lower  than  that  of  Ti-48A1- 
2Cr-21SIb.  Defect  analyses  were  conducted  on  some  selected  forging  in  fully  lamellar  conditions  using 
X-ray  radiography,  probe  analysis  and  metallography.  Two  typical  defects  were  bw-density  areas 
(LDA)  consisting  of  fine  gamma  grains  and  high-density  areas  (HDA)  consisting  of  fine,  Ti-rich  lamellar 
grains  with  GB  beta  phases.  Porosity  was  present  only  along  the  central  areas  that  correspond  to  the 
ingot  central  line.  These  defects  are  apparently  related  to  chemistry  variations  with  location,  which  do 
not  appear  to  be  related  to  the  solidification  pathway,  especially  for  HDAs.  Homogenization 
experiments  indicate  that  removal  of  such  defects  is  extremely  difficult,  requiring  extreme  conditions 
(T>1350  °C;  ^5  days),  which  are  not  only  impractical  but  also  alter  the  desirable  matrix 
microstractures. 

2.2.6.2  Evaluation  of  Alloy  395MM 

According  to  the  characterization  results  described  in  the  previous  section,  and  also  results  fi'om  TR15 
ingots  and  forgings,  two  recommendations  were  made  and  successfully  adopted  by  AF  as  well  as 
P&W.  A  modified  alloy,  named  395MM,  was  introduced,  with  the  following  composition:  Ti-46.2A1- 
1.2Cr-2.2Nb-0.3Mo-0.20B  (all  in  at%)  -  800  C  (wtppm)-900  Ox  (wtppm) 


A  PAM  ingot  (26  inches  in  diametor  and  3000  pounds)  was  produced  in  October  2000  using  finer 
master  alloy  particles  at  a  slower  feed  rate  (300  lb./h  versys  6001b/h).  Tighter  control  of  interstitial  was 
measured.  Three,  3-inch  thick,  26-inch-diameter  disks  were  cut  fi'om  die  ingot,  one  fi'om  the  top  and 
two  from  the  bottom.  We  received  one  2/5  pie  fi'om  each  disk  for  characterization.  Extensive 
radiography  and  metallographic  examination  was  conducted  for  3  months  to  find  no  defects  in  the 
portions  of  the  ingot.  Careful  extensive  microprobe  composition  analyses  were  also  performed  to  find 
relatively  uniform  distribution  of  composition  with  no  noticeable  segregations.  Homogenization 
treatments  were  carried  out  at  1370  °C  for  8  h  and  both  metallographic  and  Back  Scattered  Electron 
Imaging  (BSEI)  observations  and  microprobe  analysis  indicate  that  homogenizing  this  alloy  ingot  is 
possible.  Small  bfilets  were  prepared  for  the  pies  and  extmded  for  characterization  of  hot- worked 
material.  Characterization  efforts  are  being  made  on  this  material  as  part  of  an  ongoing  program. 

2.2.7  High-Temperature  Gamma  Alloy  Development 

This  task  was  to  design/develop  gamma  alloys  for  high- temperature  applications  (long-term  exposure  at 
900  °Q  by  first  enhancing  oxidation  resistance  and  then  the  creep  resistance.  Preliminary  studies  on 
95G  (Ti-45Al-10Nb),  97G  (Ti-45Al-8Nb-0.04B)  and  98G  (Ti-45Al-8Nb-0.2B-0.15C),  indicated 
that  the  first  two  alloys  do  not  have  a  single  alpha  phase  field  up  to  1400  °C.  The  yield  strength  varies 
between  500  and  1250  MPa  depending  on  the  HT  temperature  and  cooling  rate.  The  treatment  at 
1300  °C  (in  alpha  +  beta)  followed  by  two-step  cooling  resulted  in  a  nearly  lamellar  stmcture  having 
25-pm  lamellar  grains  decorated  with  GB  beta  phase  plates.  The  yield  strength  was  1200  MPa.  Two 
alloys,  Ti-45A1-  10Nb-(0, 2)Cr,  were  selected  for  this  program.  Detailed  HT  experiments  showed  that 
the  Nb  contents  should  be  8  percent  or  lower  in  order  for  FL  material  to  be  generated  with  confidence. 
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Extensive  cyclic  oxidation  tests  (at  760  °C  and  870  °C  for  up  to  1000  h)  were  carried  out  on  these 
alloys,  in  collaboration  with  the  Yokohama  group,  along  with  all  existing  gamma  alloys  including  K5 
alloys.  The  results  showed  that  these  two  compositions  are  superior  to  all  other  gamma  alloys  at  760 
°C  up  to  1000  L  At  870  °C,  however,  while  these  alloys  maintain  the  same  superiority  over  K5  alloys 
up  to  300  to  400  h  exposure,  further  exposure  increases  weight  gains  to  the  level  of  K5  alloys  or  higher, 
indicating  that  high-Nb  additions  may  promote  spalling.  This  means  that  development  of  high-  Nb- 
containing  alloys  may  not  be  justified  for  long-term  application  unless  the  rapid  spalling  tendency  could 
be  siqjpressed  by  certain  means,  such  as  microalloying.  From  these  results,  an  alloy,  called  98D,  was 
designed  as  follows:  98D:  Ti-45Al-2Cr-6Nb-x(W,  Hf,  Mo)-x(B,  C). 

Cychc  exposure  tests  showed  that  this  alloy  shows  oxidation  resistance  far  greater  than  any  alloys 
existent  to  date.  Apparently,  the  synergistic  effects  between  Nb  and  refractory  elements  effectively 
reduce  spalling  as  observed  visually  and  microscopically.  Two  ongoing  tasks  include  finding  the  best 
compositions  for  oxidation  resistance  and  then  identifying  dispersoids  that  are  thermally  and 
thermomechanically  stable  at  900  °C  or  higher. 

2.2.8  Summary  of  Other  Efforts 

2.2.8. 1  Automotive  Valve  Proejam 

The  objective  was  to  experiment  to  find  whether  preforms  of  gamma  alloys  can  be  forged  into 
automobile  exhaust  valve  forms  in  the  production  press.  Using  the  TRW  forging  press,  forging 
experiments  were  conducted  to  establish  the  relation  between  the  can/insulation  thickness  and  the 
sound- stem  lengtti,  and  to  identify  the  influences  of  thermal-barrier/lubrication  glass  coating.  It  was 
found  diat  thicker  can/insulation  resulted  in  more  sound  valve  extrusion,  and  that  the  maximum  sound- 
stem  length  was  about  7  cm.  The  glass  coating  played  an  important  role  as  lubricant  rather  than  as 
thermal  barrier.  It  would  be  extremely  difficult  to  produce  sound  full-length  stem  valves  using  the 
current  TRW  production  facihty.  This  means  that  producing  valves  fix)m  imcanned  preforms  is 
impossible.  This  experience  could  have  led  this  program  in  another  direction,  that  is,  exploration  of 
possibihties  to  produce  short- stem  valves  firom  uncanned  extraded  rods  or  cast  rods  under  more 
forgiving  conditions.  However,  the  effort  ended  due  to  the  decreased  interest  from  the  industry  at  that 
time. 

2.2.8.2  Control  of  Casting  Microstmctures 

This  project  was  aimed  at  exploring  the  methods  to  refine  coarser/nonuniform  cast  microstmctures 
through  heat  treatment.  The  ultimate  goal  was  to  develop  economical  methods  to  produce  the  desired 
microstmctures.  Some  experiments  conducted  on  alloy  castings  with  thin  sections  showed  that 
converting  cast  stmctures  into  refined  lameUar-base  microstmctures  was  possible  by  heat  treatments; 
however,  it  was  practically  impossible  to  remove  the  nonuniformity  of  the  starting  microstmctures. 
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2.2.8.3  Collaborations 


Collaboration  with  other  institutes/groups  has  been  actively  pursued  in  various  areas:  (1)  Anger 
Electron  Microscopy  (AEM)  analysis  of  the  interactions  between  dislocations  and  carbide  particles  was 
performed  through  the  collaboration  with  Prof  M.  Mills,  The  Ohio  State  University  (OSU).  This  work 
positively  identified  the  carbides  and  silicides  pin  dislocations  moving  in  the  easy  directions;  (2)  oxidation 
resistance  of  K5  alloys  and  high- temperature  gamma  alloys  have  been  investigated,  along  with  other 
existing  gamma  alloys,  in  collaboration  with  Dr.  Y.  Yoshihara  of  Yokohama  University  who  conducted 
exposure  experiments  for  number  of  gamma  alloys.  Through  this  work,  gamma  alloys  could  be 
classified  in  terms  of  cyclic  oxidation  resistance;  (3)  castability  of  K5-  1.0at%B  alloy  has  been 
investigated  in  collaboration  with  DU,  Japan  where.  The  results  by  IHI  indicate  that  molds  for  casting 
thin  section  plates  (<3  mm)  are  difficult  to  be  conpletely  filled;  (4)  impact/fatigue  evaluation  of  FL  K5 
was  investigated  in  cooperation  with  NASA-GRC;  (5)  the  phase  relationships  in  Ti-45Al-(8-  10)Nb 
alloys  were  investigated  with  Prof  G.  Chen  of  UST  Beijing. 

2.3  TiAl:  FUNDAMENTAL  STUDIES 

2.3.1  Phase  Field  Model  for  the  Formation  of  the  Lamellar  Structure  in  Ti-Al  [3] 

A  three-dimensional  phase  field  model  of  flie  a  ->  a2  +  Y  transformation  has  been  developed  to 
simulate  the  formation  of  coherent  multidomain  lamellar  stmctures  in  y  Ti-Al  intermetallic  alloys.  The 
model  takes  into  account  the  effect  of  coherency  strain  associated  with  the  lattice  rearrangements 
accompanying  the  phase  transformation  and  the  anisotropy  in  interfacial  energy.  Simulation  studies 
based  on  the  model  have  successfully  reproduced  the  essential  features  associated  with  the  multidomain 
lamellar  stmctures  observed  experimentally.  It  is  shown  that  the  coherency  strain  accommodation  is  the 
dominating  factor  responsible  for  the  lamellar  stmcture.  The  neighboring  lamellae  ofy  phase  are  found 
to  have  either  a  twin  or  a  pseudo-twin  relationship,  with  the  former  being  most  common.  It  is  found  that 
strain-induced,  correlated  nucleation  plays  an  important  role  in  the  formation  of  the  twinned  lamellae. 
The  lamellar  thickness  is  determined  by  the  interplay  among  the  elastic  strain  energy,  interfacial  energy 
and  bulk  chemical  firee  energy.  Domains  within  individual  lamellae  are  isotropic,  and  domain  boundaries 
are  smoothly  curved.  No  special  self- accommodating  morphological  patterns  are  observed  on  the 
(0001)  plane. 

2.3.2  The  Properties  of  the  Uuit  <110]/2  Dislocation  in  Ti-Al  [4-5] 

By  a  careful  analysis  of  electron  miaographs  of  deformed  specimens  of  single-phase  y  TkAl,  we  have 
proved  that  the  pins  that  were  observed  to  obstmct  screw  dislocations  are  in  fact  jogs,  probably  caused 
by  double-cross  slip  events.  The  jogs  vary  in  height  firom  a  single  plane  spacing  up  to  about  50  nm. 

The  very  small  jogs  can  move  with  the  dislocation,  producing  or  absorbing  vacancies,  but  the  higher 
jogs  are  sessile.  The  low  jogs  contribute  to  the  fiiction  stress  (since  their  effect  is  reversible),  but  the 
higher  jogs  exert  a  spectrum  of  point  forces  on  the  moving  dislocation,  acting  against  flie  direction  of 
motion. 
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Calculations  of  Ihe  forces,  in  conjunction  with  experimentally  observed  separations  of  the  pins, 
demonstrate  that  the  observed  yield  stress  can  be  accounted  for  by  the  sum  of  die  friction  stress  and  the 
pinning  stress.  In  principle,  the  yield  stress  anomaly  can  be  caused  by  the  temperature  dependence  of 
the  frequency  and  hei^t  of  jogs.  Creep  in  Ti-Al  may  also  be  rate  limited  by  the  emission  or  absorption 
of  vacancies  at  jogs  in  gliding  screw  dislocations. 


The  picture  vdiich  emerges  is  not  compatible  with  die  Viguier-Lxiuchet  fheoiy  which  considers  single¬ 
cross  slip  events  and  which  takes  no  account  of  the  strength  of  the  pins. 

2.3.3  The  Yield  Stress  of  LameUar  Ti-Al  [5-8] 

The  tiieory  for  the  yield  strength  of  fully  lamellar  Ti-Al  alloys  has  identified  file  fact  that  out  of  all  the 
possible  microstmctural  parameters,  the  most  critical  one  is  the  thickness  of  the  lamellae  within  a  grain. 
The  strengthening  mechanism  is  then  a  Hall-Petch  mechanism  for  dislocations  crossing  the  lamellar 
boundaries.  In  this  case,  it  is  necessary  to  reconcile  the  experimental  measurements  of  Hall-Petch 
slopes  in  gamma  Ti-Al,  which  may  be  summarized  as  follows; 

Grain  strengthening  in  monolithic  gamma  (McQuay)  1 .0  MPaV m 

Grain  strengthening  in  FL  Ti-Al  (Kim)  2.0  MPaVm 

Hard  and  soft  modes  in  PST  in  shear  (Kishida)  0. 1  MPaVm 

Lamellar  strengthening  in  high  strength  FL  Ti-Al  (Dimiduk)  0. 1  MPaVm 

Assuming  that  monolithic  gamma  grain  boundaries  act  similarly  to  FL  grain  boundaries,  the  grain 
strengthening  in  FL  Ti-Al  must  have  two  equal  components,  one  (1.0  MPaVm)  from  ordinary  grain 
boundary  obstacle  hardening  and  the  second  an  apparent  effect  caused  by  the  fact  that  grain  size  and 
lamellar  thickness  are  correlated. 

The  lamellar  hardening  in  PST  gives  a  Hall-Petch  slope  of  0.1  MPaVm  in  shear,  which  would  be 
expected  to  give  about  0.3  MPaVm  for  FL  Ti-Al  in  compression.  There  are  three  reasons  why  the 
measured  values  are  lower  (0.1  MPaVm).  First,  the  Parthasarathy  Effect,  that  purports  that  in  a 
distribution  of  lamellar  thicknesses,  the  effective  thickness  is  about  twice  the  average  thickness.  Second, 
the  Hall-Petch  slope  drops  when  lamellar  thickness  decreases  as  the  Hall-Petch  strengthening  saturates. 
Third,  the  predominantly  gamma/gamma  boundaries  in  Poly  Synthetically  Twirmed  (PST)  are  stronger 
than  the  predominantly  alpha/gamma  boundaries  in  FL  Ti-Al.  The  three  reasons  are  each  of  similar 
importance. 

2.3.4  Creep  of  FL  TiAl  Alloys  -  Review  and  Identification  of  Critical  Variables 

There  is  a  need  to  improve  the  creep  resistance  of  fully  lamellar  TiAl  alloys;  however,  there  is  also  a 
lack  of  imderstanding  of  what  specific  chemical  and  microstmctural  factors  influence  the  creep 
deformation  of  these  materials.  Processing  complexities  have  precluded  any  systematic  studies. 
However,  a  review  of  literature  data  was  conducted  to  identify  critical  effects  fiom  existing  data  tiirough 
sorting  and  critical  analysis.  The  creep  data  on  FL  alloys  were  analyzed  along  with  data  on  the 
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constituent  phases,  Ti-rich  y  and  Al-rich  a-2  with  a  view  to  determining  the  relative  effects  of  chemistry 
and  microstmctural  parameters  (grain  size,  lamellar  spacing  (y  thickness),  volume  fraction  a2)  in 
gamma  alloys.  The  minimum  creep  rates  measured  at  temperatures  below  ~850  °C  (above  which  the 
microstracture  is  unstable  under  creep  conditions).  For  the  single-phase  (NG)  alloys  were  collected. 
This  was  limited  to  only  the  Ti-iich  end  of  the  alloys,  viz.,  the  Ti-50A1  composition,  since  this  is  very 
close  to  the  y  phase  in  the  two  phase  alloys.  The  Al-rich  composition  of  a2  for  which  data  is  available 
is  the  34mol%Al.  Despite  the  lack  of  systematic  studies  on  FL  polyciystalline  alloys,  existing  data  could 
be  analyzed  for  identifying  critical  effects  on  the  creep  of  these  alloys.  The  grain  size,  a2  volume 
fraction,  and  contents  of  Al,  Cr,  Nb,  and  Mn  appear  to  have  insignificant  effects  on  creep  and  B 
additions  are  detrimental.  Of  the  various  factors  that  might  enhance  the  creep  resistance  of  these  alloys, 
ternary  additions  of  Si,  W  and  C,  and  the  refinement  of  lamellar  spacing  appear  to  be  the  most 
significant.  Dispersion  strengthening  as  a  strengthening  mechanism  appears  to  be  at  least  as  effective  as 
refinement  of  lamellar  spacing.  Si  and  C  additions  are  more  promising  than  are  W  additions  in  the  range 
studied.  Significant  refinements  in  lamellar  spacing  and  optimization  of  dispersion/precipitation  hardening 
systems,  especially  C  and  Si  containing  alloys  are  likely  to  yield  the  most  creep-resistant  alloys.  Finally, 
the  effects  of  interstitial  elements  needs  to  be  studied  [9]. 

2.3.5  Lamellar  Spacing  Effect  in  Creep  of  Polycrystal  FL  TiAl  Alloys 

The  fully  lamellar  (FL)  microstmcture  is  known  to  have  the  best  creep  resistance,  but  the  effects  of 
microstractural  variables  remain  poorly  understood.  A  recent  review  [9]  considered  the  available  data 
on  FL  alloys  in  an  attempt  to  determine  trends  of  the  effect  of  the  microstmctural  variables.  The  lamellar 
spacing  was  suggested  to  have  a  significant  effect;  however  the  effects  were  found  to  be  confounded  by 
more  flian  one  variable  being  changed  at  a  time.  Ehie  to  the  complex  interactions  between  the  various 
processing  variables,  controlling  the  microstmcture  and  thus  conducting  a  systematic  study  has  been 
difficult.  There  is  no  reported  study  in  which  just  one  of  the  variables  has  been  independently  varied  in 
order  to  study  the  effect  of  a  chosen  variable.  In  the  present  work,  we  report  on  a  set  of  processing 
schedules  that  5delded  two  FL  alloys  (Ti-47at%Al)  which  had  essentially  the  same  microstmcture  except 
for  the  lamellar  spacing.  The  effect  of  LS  on  the  secondary  creep  rate  and  on  the  primary  creep  strain 
were  measured  at  760  °C  and  207  MPa.  Both  primary  creep  strain  and  steady-state  creep  rate  are 
markedly  reduced  by  reducing  the  LS.  The  dependence  of  primary  creep  strain  can  be  rationalized 
through  a  classic  dislocation  pile-up  model.  The  square-root  dependence  of  the  secondary  creep  rate 
on  LS  suggests  that  conventional  power  law  creep  models  and  substmcture-invariant  creep  models  are 
inapplicable  to  FL  alloys  [10]. 

2.3.6  Creep  Anisotropy  of  PST  and  Its  Relation  to  Creep  of  Polycrystal  FL 

The  anisotropy  in  creep  behavior  of  a  PST  crystal  was  examined  using  crystals  of  the  composition  Ti- 
48A1  in  three  different  orientations,  (|)=0°,  45°  and  90°,  in  the  temperature  range  of  700  °  to  8 1 5  °C.  In 
addition,  a  fuUy  lamellar  Ti-48A1  polycrystal  of  similar  lamellar  spacing  was  also  tested  under  identical 
conditions  for  comparison.  Significant  anisotropy  was  observed  at  all  the  three  temperatures  of  test.  In 
both  primary  and  secondary  stage,  the  0°  PST  material  was  consistently  the  strongest  and  the  45°  the 
weakest,  with  the  polycrystal  behaving  much  like  the  45°  PST  crystals.  The  anisotropy  could  not  be 
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rationalized  based  on  either  Schmid  factor  differences  or  di  anisotropy.  The  beneficial  effects  of 
orientation  are  observed  to  be  similar  to  those  of  alloying  additions  of  C  or  Si.  It  is  anticipated  that 
fijlfy- lamellar  textured  polycrystals  will  be  significantly  superior  to  polycrystalline  materials  having  a 
random  grain  orientation  in  both  primary  and  secondary  stage  creep  behavior  [1 1]. 

2.3.7  Microstrain  Stress-Strain  Behavior  of  PST  and  FL  TiAl  Alloys 

The  flow  behavior  of  PST  crystals  of  a  Ti-48A1  alloy  was  studied  as  a  fimction  of  orientation  in  the 

miCTOstrain  regime  (lO"^  to  2xl0"2)  at  room  temperature,  to  understand  the  evolution  of  the  anisotropy 
of  flow  stress  with  strain.  After  resolving  the  stresses  on  to  the  slip  systems,  ftie  variation  of  flow  stress 

with  orientation  was  observed  to  be  only  10-15  MPa  at  near  zero  (10*  5)  strain,  but  it  increases  rapidly 
to  ~70  MPa  at  0.2  percent  plastic  strain.  The  stress-strain  response  had  discrete  steps,  indicating  the 
possible  effects  of  the  progressive  deformation  of  lamellae  of  varying  thicknesses  within  the  distribution. 
The  flow  behavior  of  a  polycrystalline  fully- lamellar  (FL)  alloy  of  the  same  composition  was  also  studied 
in  the  same  strain  regime  for  comparison.  The  saturation  engineering  flow  stress  (0.2  percent)  and  the 
strain-rate  sensitivity  of  the  polycrystal  were  found  to  be  close  to  those  of  the  0°  orientation  of  the  PST 
crystals.  Combining  the  data  of  the  hard  orientations  of  the  PST  material  and  fliose  of  the  polycrystal, 
an  apparent  Taylor  factor  for  FL  polycrystalline  Ti-48A1  was  determined  to  be  in  the  range  of  3.2  to 
3.8.  The  results  on  PST  crystals  were  analyzed  and  rationalized  using  a  mechanistic  model  that  takes 
into  account  the  distribution  of  the  lamellar  sizes  (y/y  and  y/a2).  The  work-hardening  rate,  the 
saturation  flow  stress  of  the  hard  orientations,  and  the  Hall-Petch  slopes  are  all  predicted  to  be  sensitive 
to  both  flie  mean  and  the  standard  deviation  of  the  lamellar  thickness  distribution,  with  dislocation 
sources  from  only  a  fi:action  of  the  distribution  contributing  to  the  deformation  process,  even  at  0.2 
percent  plastic  strain.  Narrower  distributions  of  LS  are  predicted  to  be  beneficial  in  increasing  0.2 
percent  yield  strength  [12]. 

2.4  MULTILAYERS  AND  NANOCRYSTALLINE  MATERIALS 
2.4.1  The  Strongest  Size  for  Nanocrystalline  Copper  [13] 

NanocryslaUine  materials  generally  show  a  peak  in  their  yield  strength  at  a  grain  size  of  ^proximately 
20  nm.  At  larger  grain  sizes,  the  drop  in  strength  may  be  attributed  to  the  Hall-Petch  effect,  whereby 
dislocation  pileups  of  ever  increasing  length  generate  larger  and  larger  stress  concentrations  at  their 
heads.  These  stress  concentrations  enable  the  leading  dislocations  to  cross  grain  boundaries  at  lower 
and  lower  appUed  stresses  as  the  grain  size  increases.  On  the  small  grain  size  side  of  the  peak,  it  is 
plausible  that  diffusive  creep  mechanisms  operate  more  and  more  efficiently  as  the  grain  size  shrinks. 
This  hypothesis  has  been  tested  in  a  model  containing  Hall-Petch  strengthening  of  large  grains.  Coble 
creep  in  small  grains  and  a  log-normal  distribution  of  grain  sizes.  The  model  agrees  well  with 
experimental  measurements  in  Cu  and  other  materials. 


26 


2.4.2  Dislocation  Nncleation  as  an  Alternative  to  Multiplication  [14] 

When  a  metal  or  an  intermetallic  is  gradually  loaded,  plasticity  may  start  either  by  preexisting 
dislocations  multiplying  or  by  the  nucleation  and  expansion  of  new  dislocation  loops.  Nucleation  had 
been  discoimted  because  the  stress  required  to  create  a  loop  is  too  large,  but  a  new  model  by  Khantha, 
in  which  loops  are  created  collectively  at  lower  stresses,  has  reopened  the  possibility  that  nucleation 
might  conpete  with  multiphcation  is  some  materials,  e.g.,  nanociystalline  materials  in  which  Frank-Read 
sources  are  short.  It  is  also  possible  to  have  a  hybrid  model  in  which  nucleation  of  loops  close  to 
existing  dislocations  in  effect  mobilize  those  dislocations.  An  analytical  model  which  is  simpler  than 
Khantha's  has  been  formulated  and  supplemented  with  a  computer  simulation  of  self-catalytic 
dislocation  nucleation. 

The  computer  model  is  a  two-dimensional  Monte  Carlo  simulation  in  which  a  plane  is  divided  into  N 
squares,  each  of  which  is  a  potential  nucleation  site.  Sites  are  visited  randomly,  the  stress  at  the  evisited 
site  from  the  appUed  stress  and  from  all  other  existing  dislocation  loops  is  calculated,  and  a  new  loop  is 
nucleated  with  a  probabihty  exp-(U/kT),  where  U  is  the  formation  energy  of  a  loop  in  the  presence  of 
the  local  stress.  It  has  been  confirmed  that  the  computer  model,  like  the  previous  analytical  model,  does 
give  critical  values  of  applied  stress  and  temperature  at  which  nucleation  becomes  self-sustaining.  The 
values  of  the  critical  parameters  are  lower  in  the  computer  model  because  the  interactions  between 
close  loops  are  much  larger  (and  more  reaUstic)  than  the  mean  field  interactions  used  in  the  analytical 
model.  The  reduced  critical  parameters  make  nucleation  a  more  plausible  process  fiian  had  been 
thought  previously. 

2.4.3  Yield  Strength  of  a  Semicoherent  Metallic  Multilayer  [4,15] 

Multilayers  derive  their  strength  from  the  presence  of  many  interfaces  which  block  the  progress  of 
glissile  dislocations.  In  order  to  calculate  the  macroscopic  strength  of  such  materials,  the  most  accurate 
possible  calculations  must  be  made  of  the  barrier  strengths  of  interfaces  in  systems  of  interest,  e.g., 
multilayered  Cu-Ni.  Previous  estimates,  based  on  the  Koehler  effect,  the  van  der  Merwe  effect,  the 
chemical  effect  and  the  crystallographic  effects,  are  adequate  when  the  layers  are  thick  but  they  fall  short 
when  the  layers  are  thin  enough  to  show  coherency  and  to  have  dimensions  which  are  comparable  to 
the  dislocation  core  widths.  Atomistic  simulations  can  be  used  to  calculate  the  strengflis  of  interfaces 
between  very  thin  layers.  In  Cu-Ni,  the  results  of  atomistic  simulations  of  the  barrier  strength  of 
interfaces  can  be  summarized  as  follows: 

(1)  The  Koehler  stress  Tk*  is  confirmed  to  be  0.01  p  to  0.015  p,  positive  at  the  Cu->Ni  interface 
and  negative  at  the  Ni->Cu  interface.  In  coherent  Cu-Ni  multilayers,  the  coherency  stress  enhances  the 
modulus  difference  between  Cu  and  Ni,  and,  hence,  enhances  Tk*.  In  addition,  an  opposite  effect 
occurs  in  any  multilayer,  Tk*  drops  rapidly  when  the  width  of  a  dislocation  is  comparable  with  the  layer 
width. 

(2)  The  lattice  parameter  mismatch  stress  is  provided  by  the  blocking  action  of  van  der  Merwe 
dislocations  in  incoherent  (long  wavelength)  multilayers  and  is  of  order  0.01  p,  positive  at  all  interfaces. 
In  thinner  multilayers,  the  stress  falls  (to  zero  at  the  coherence  limit),  but  its  effect  remains  strong  at  all 
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wavelengths  because  as  the  density  of  van  der  Merwe  dislocations  falls,  the  coherency  stress  rises. 
Coherency  stresses  exert  glide  forces  on  mobile  dislocations,  modify  their  cores,  and  change  the  elastic 
constants. 

(3)  The  chemical  stress  itself  tc*  is  comparatively  small  in  Cu-Ni,  0.003  p,  (positive  at  Cu->Ni, 
negative  at  Ni->Cu),  but  it  is  strongly  affected  by  coherency  Escaig  stresses.  At  {001 }  interfaces, 
coherency  reduces  Xc*  by  0.005  |i  by  constricting  Cu  dislocations  and  expanding  Ni  dislocations.  At 
{111}  interfaces,  exactly  the  opposite  occurs,  and  Xc*  is  increased  by  0.005  p,. 

(4)  Interfaces  at  which  the  slip  plane  is  discontinuous  are  powerful  obstacles.  60  °  dislocations  can 
penetrate  twin  interfaces  only  at  stresses  of  0.03  p.  to  0.04  p,.  Even  screw  dislocations  are  strongly 
blocked  because  they  cross  slip  into  the  interface  where  the  stacking  fault  energy  is  low. 

(5)  The  total  barrier  strengtii  of  both  {111}  and  {001 }  interfaces  is  ~0.02  p.  at  long  wavelengflis. 
As  the  wavelength  is  decreased,  x*  falls,  gradually  at  {001 }  interfaces,  but  precipitously  at  { 1 1 1 } 
interfaces. 

The  barrier  strengths,  x*,  calculated  either  atomistically  or  by  normal  methods  (e.g.,  for  the  blocking 
effect  of  van  der  Merwe  dislocations)  may  be  added  appropriate  for  a  given  interface  and  inserted  into 
the  discrete  Hall-Petch  equation  to  obtain  a  value  of  the  strength  of  the  multilayer.  The  result,  for  Cu-Ni, 
reaches  a  peak  of  about  2  GPa  at  a  layer  thickness  of  10  nm,  falls  to  almost  zero  at  layer  thicknesses  of 
0.2  run,  and  falls  gradually  (as  on  the  long  wavelength  (X)  side. 

2.4.4  Zener  Pinning  by  Equiaxed  and  Shaped  Particles  [16-17] 

The  driving  force  for  grain  growth  is  the  reduction  in  grain  boundary  energy  as  the  average  grain  grows. 
The  most  common  method  used  to  slow  or  to  stop  grain  growth  is  Zener  pinning  by  second  phase 
particles,  which  works  because  grains  may  lower  their  boundary  areas  by  contacting  pins.  Energy 
arguments  may  be  used  to  estimate  the  kinetics  of  grain  growth  and  stagnation.  Alternatively,  the  kinetics 
may  be  worked  out  from  curvature  arguments  in  which  grain  boundaries  migrate  toward  their  centers  of 
curvature,  and  Zener  pins  work  by  eliminating  curvature.  Potts  models  and  physical  simidations  can  be 
used  to  differentiate  between  these  two  approaches  and,  consequently,  to  make  better  estimates  of  the 
kinetics  of  grain  growth  in  two-phase  systems. 

The  theory  of  grain  growth  and  stagnation  in  two  dimensions,  as  calculated  in  a  Potts  model,  has  been 
compared  with  experiments  on  tiie  growth  of  soap  film  cells,  also  in  two  dimensions.  The  computed 
and  observed  results  agree  in  almost  every  detail.  The  kinetics  of  initial  grain  growth  contain  a  time 
exponent  of  0.5,  and  stagnation  may  be  adequately  represented  by  a  constant  Zener  stress  opposing 
growth.  The  resulting  pinned  grain  stractures  have  a  grain  area  equal  to  0.6  times  the  area  occupied  by 
one  pin.  The  grains  remain  equiaxed  even  when  the  pins  are  aligned  and  have  aspect  ratios  as  high  as 
10.  Only  if  the  product  of  the  pin  aspect  ratio  and  area  fraction  exceeds  1  are  tire  grains  elongated.  A 
comparison  between  two  Potts  simulations,  one  of  an  isolated  grain  shrinking  and  the  other  of  a 
polycrystal  coarsening,  has  given  a  value  for  the  constant,  a,  in  the  grain  growth  equation  dD/dt  =  a  y  M 
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/D,  where  D  is  flie  grain  size,  y  the  grain  boundary  energy,  and  M  the  mobility.  The  constant  a  =  1.0, 
which  imphes  that  the  effective  radius  of  curvature  of  a  growing  grain  is  4.0  times  the  actual  radius  of  a 
graia 

2.5  THEORECTICAL  STUDIES  AND  COMPUTATIONAL  MATERIALS  SCIENCE 

The  theory  effort  in  the  high- temperature  stractural  materials  has  concentrated  on  three  areas: 
infrastructure  development,  methods  development,  and  applications.  We  have  attempted  to  engage  a 
broader  community  than  just  the  AFRL,  and  to  secure  resources  which  support  the  AFRL  research 
program.  In  response  to  AFRL  research  requirements,  a  variety  of  methods  were  developed  to  model 
plastic  deformation  and  the  effects  of  chemistry  on  phase  stability  and  strength.  The  research  includes 
work  on  a  variety  of  materials:  Mo,  Ta,  Ni,  NisAl,  Llo  TiAl,  AtAlSSc,  MgO-Cu,  and  carbides  in  TiAl. 
The  details  of  these  material  science  investi^tions  are  summarized  briefly  in  the  following  section; 
references  to  papers  published  on  this  work  and  papers  currently  in  press  are  included. 

2.5.1  Methods 

2.5. 1.1  Green's  Function  Boundary  Conditions  in  Atomistic  Simulations 

In  order  to  determine  activation  parameters  and  mobilities  for  processes  like  kink  pair  formation,  cross 
slip,  and  climb  of  extended  dislocations,  a  need  for  three-dimensional  atomistic  calculations  of 
dislocation  activation  processes  exists.  The  use  of  fixed  boundary  conditions  in  such  simulations  may 
preclude  the  calculation  of  accurate  formation  energies  and  mobilities  of  the  defect  complexities  involved 
in  such  processes.  To  reUeve  the  incompatibihties  that  arise  at  the  boundary  of  these  three-dimensional 
dislocation  simulations,  flexible  boundary  conditions  using  the  Green's  function  technique  were 
implemented  in  this  research.  This  technique  in  combination  with  a  conjugate  gradient  technique 
(empirical  Embeded  Atom  Method  (EAM)  potentials)  has  been  tested  successfully  for  both  two  and 
three  dimensional  dislocation  problems  in  simple  metals  as  well  as  alloys.  In  three  dimensions,  the 
Green's  function  technique  has  been  developed  and  tested  for  simulations  involving  both  fixed  and 
periodic  boimdary  conditions  along  the  dislocation  line.  The  results  of  tiiis  technique  have  been  written 
as  a  journal  article  in  Philosophical  Magazine  A  [18].  The  Green's  function  boundary  conditions  have 
been  implemented  with  MGPT  potentials  for  Mo  as  weU  as  first  principles  calculations  in  Body 
Centered  Cubic  (BCC)  Mo,  Ta  in  an  effort  to  study  the  core  structure  and  mobilities  of  rigid  a/2[l  1 1] 
screw  dislocations  as  well  as  kinks  on  such  dislocations. 

2.5. 1.2  Predicting  Trends  in  Ternary  and  Hisfaer  Order  Phase  Diagrams 

We  have  developed  a  simple  thermodynamic  model  (the  Dilute  Solution  Model  or  DSM)  for  calculating 
the  fi«e  energy  of  a  multicomponent  alloy  using  point  defect  energies  derived  from  first  principles 
calculations  [19].  While  the  model  can  be  generalized  to  multicomponent  systems,  it  is  limited  to  dilute 
solute  concentrations.  In  collaboration  with  Prof  M.  Asta  (Northwestern  University)  we  have 
developed  an  extension  to  the  DSM  using  the  Low  Temperature  Expansion  (LTE)  model,  fri  the  LTE 
model  thermodynamic  quantities  are  written  as  an  e)q)ansion  in  the  defect  energies,  which  are  in  turn 
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represented  as  many  one,  two,  and  higher  order  excitations  [20].  This  formalism  reduces  to  the  DSM 
in  the  limit  of  single  particle  excitations  (noninteracting  defects)  and  can  be  generalized  to  double  and 
higher  order  excitations  (interacting  defects).  Thus,  die  LTE  can  be  used  to  model  higher  concentrations 
of  multicomponent  alloys  by  explicitly  calculating  defect-defect  interaction  energies.  We  have  shown  in 
model  systems  that  this  increases  the  concentration  range  over  which  the  thermodynamic  models  give 
reliable  results.  Also  we  have  made  progress  in  predicting  other  thermodynamic  quantities,  such  as 
vibrational  entropy  in  intermetallic  alloys.  Our  experience  in  the  ATA13Sc  system  has  shown  that 
vibrational  entropy  plays  a  critical  role  in  determining  solubility  as  a  function  of  temperature. 

2.5. 1.3  First  Principles  Green's  Function  Boundary  Condition  Method 

We  have  extended  the  Lattice  Green's  Function  (LGF)  Boundary  Condition  method  to  work  with  first 
principles  calculations  using  a  superceU  geometry.  Two  approaches  were  examined,  one  in  which  the 
dynamical  matrix  was  derived  using  a  direct  force  method,  and  another  which  the  LGF  was  derived 
using  small  test  forces.  The  latter  method  is  how  the  LGF  has  been  derived  previously  in  atomistic 
simulations.  We  have  demonstrated  that  supercells  can  be  used  to  derive  the  LGF  using  these  methods. 
Also,  we  have  developed  a  way  of  generating  supercells  which  minimize  the  electrostatic  iterations 
between  the  dislocations  and  the  boundary  of  the  cells.  We  have  demonstrated  the  method  by 
simulating  screw  dislocations  in  the  BCC  metals  (Mo  and  Ta)  and  in  LI  o  TiAl.  This  research  is  part  of  a 
high  profile  Grand  Challenge  Project  awarded  by  the  HPCMO  in  FY98  through  FYOO. 

2.5. 1.4  Scalable  Parallel  Electronic  Stmcture  Methods 

Electronic  stmcture  methods  have  proven  to  be  useful  tools  in  determining  fundamental  properties  for  a 
wide  variety  of  materials.  Traditionally  the  use  of  these  methods  on  stractural  materials  is  limited  by:  1) 
the  size  of  the  calculation  needed  to  simulate  the  underlying  critical  phenomena,  and  2)  our  fundamental 
understanding  of  flie  relevant  stmcture-property  relationships.  In  order  to  address  the  first  of  these  two 
issues  we  engaged  in  a  code  development  project  (~2.0  FTE/year)  to  produce  a  robust  scalable 
electronic  stmcture  method  fi’om  FY97  through  FYOO.  The  electronic  stmcture  code  incorporated  the 
following  options:  dynamic  memory  allocation,  quasi-Newton  lattice  optimization,  a  user  fiiendly- 
interface,  and  a  graphics  package  for  displaying  the  results.  As  part  of  the  development  cycle,  groups 
of  researchers  were  trained  to  use  the  algorithm  at  special  workshops  arranged  by  the  High 
Performance  Computing  Modernization  Office  (July,  1998, 1999,  and  2000  at  the  Aberdeen  Proving 
Grounds,  Maryland).  This  work  is  sponsored  by  DARPA  (160K/year)  and  is  being  done  in 
collaboration  with  Dr.  David  Singh  at  the  Complex  Systems  Theory  Division  at  the  Naval  Research 
Laboratory. 

2.5. 1.5  Scalable  Parallel  Atomistic  Methods 

Drs.  S.  1.  Rao  and  C.  Woodward  have  collaborated  with  members  of  the  Physics  H  division  at 
Lawrence  Livermore  Laboratory  to  develop  a  scalable  parallel  atomistic  code  for  metals.  The  cirrrent 
algorithm  uses  embedded  atom  potentials  and  modified  generalized  pseudo-potential.  We  have 
incorporated  the  LGF  boundary  condition  method  into  this  code,  and  the  general  algorithm  is 
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compatible  with  a  parallel  version  of  the  first  principles  electronic  stmcture  codes.  The  Lawrence 
Livermore  National  Laboratoiy  supported  this  effort  with  $30,000,  $10,000,  and  $50,000  contracts 
for  FY98,  FY99,  and  FYOO,  respectively.  The  code  has  been  completed  and  can  be  accessed  on  the 
Air  Force  Systems  Command  -  Material  Science  Research  Center  (ASC-MSRC).  The  code  has 
almost  perfect  scaling,  as  shown  in  Figure  1. 
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Figure  1.  Computational  Scaling  of  the  Parallel  Atomistics  Algorithm  Developed 
at  Lawrence  Livermore  Laboratory  in  Collaboration  with  the  CMS 
Group  at  AFRL 

2.5.2  Infrastructure 

We  have  been  active  in  trying  to  build  the  infiastracture  needed  to  support  computational  materials 
science  both  here  at  AFRL  and  at  our  partner  institutions.  In  FY98  working  with  Dr.  H.  Fraser,  Ohio 
State  University  (OSU),  we  submitted  a  large  National  Science  Foundation  (NSF)  proposal  to  form  a 
multidisciplinary  research  center  at  OSU.  The  proposal  was  well  received  by  the  NSF,  and  we  were 
granted  a  site  visit  in  Junel999.  Unfortunately,  the  proposal  for  a  Scientific  and  Technology  Center  at 
OSU  was  not  funded.  However,  in  FYOO  a  smaller  project  based  on  the  ideas  developed  in  this 
proposal  was  funded  by  NSF.  This  work  is  now  underway  at  OSU  and  involves  scientists  fi'om  across 
the  country.  The  focus  is  to  accelerate  the  maturation  process  of  new  materials  systems  by  using  state- 
of-the-art  computational  and  experimental  methods.  The  outcome  of  this  research  will  be  a  science- 
based  alloy  design  process  which  tightly  couples  scientific  inquiry  to  the  metallurgical  development  of 
stmctural  materials.  This  effort  also  led  to  our  work  in  the  Accelerated  Insertion  of  Materials  (DARPA) 
initiative.  This  research  program  has  just  come  on-line  at  the  end  of  this  contract. 

To  support  our  Computational  Material  Science  (CMS)  effort,  we  sought  large  resource  allocations 
fi-om  the  High  Performance  Computing  Modernization  Office.  These  resources  have  been  used  by  the 
group  at  the  AFRL  and  our  university  and  Department  of  Energy  (DOE)  collaborators  to  study  material 
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systems  germane  to  Air  Force  requirements.  We  held  a  DoD  Grand  Challenge  Project  from  FY97  to 
FYOO,  and  garnered  significantly  more  computational  resources  for  our  research  effort  in  FYOl. 

One  of  the  major  critical  areas  that  emerged  fiom  the  1993  Work  Unit  Directive  (WUD)  55  in  house 
review  was  the  use  of  parallel  processing  to  perform  computational  research.  The  latest  generation  of 
parallel  processors  have  enormous  potential  for  applications  to  material  science  problems.  To  take 
advantage  these  resources,  Dr.  C.  Woodward  obtained  DARPA  funding  (~$420  k)  over  3  years  to 
port  serial  programs  to  these  parallel  platforms  (see  previous  research  topic).  This  work  focused 
exclusively  on  electronic  structure  methods. 

2.5.3  Applications 

2.5.3. 1  Atomistic  Simulations  of  Dislocation-Interface  Interactions  in  Cu-Ni  Nanolavers 

Experimental  results  show  that  a  nanolayeied  composite  structure  made  of  two  kinds  of  metals 
strengthens  dramatically  as  the  layer  thickness  is  reduced,  hi  epitaxial  systems,  this  strengthening  has 
been  attributed  to  file  modulus,  lattice  parameter,  gamma  surface  and  slip-plane  mismatches  between 
adjacent  layers.  The  modulus  mismatch  (Koehler  barrier)  introduces  a  force  between  a  dislocation  and 
its  image  in  the  interface.  The  lattice  parameter  mismatch  generates  oscillating  coherency  stresses  and 
Van  der  Merwe  misfit  dislocations  at  or  near  the  interfaces  which  interact  with  mobile  dislocations.  The 
gamma  surface  (chemical)  mismatch  introduces  a  localized  force  on  gliding  dislocations  due  to  core 
energy  changes  at  or  near  the  interfaces.  SUp-plane  misorientations  across  the  interfaces  require  mobile 
screw  dislocations  to  cross-slip  for  slip  transmission  and  other  dislocations  to  leave  a  difference 
dislocation  at  the  interface.  Atomistic  simulations  using  the  embedded  atom  method  (EAM)  are  used  to 
study  the  four  components  of  dislocation-interface  interactions  in  epitaxial  Cu-Ni  multilayers  in  a 
systematic  fashion  The  interaction  of  misfit  dislocations  witii  mobile  dislocations  is  modeled  using 
continuum  theory.  In  thick  Cu-Ni  bilayers,  the  Koehler  barrier  is  almost  independent  of  interface 
orientation  and  dislocation  character  and  is  equal  to  0.01  to  0.015  |i.  But,  when  the  layer  thickness  is 
comparable  with  the  core  width  of  a  dislocation,  the  Koehler  barrier  Ms  rapidly  (from  0.01  |l  at  a 
wavelength  of  10  nm  to  0.004  |X  at  1.75  nm).  This  behavior  is  in  accordance  with  available 
experimental  observations  in  the  literature  on  the  yield  of  epitaxial  Cu-Ni  multilayered  systems.  The 
gamma  surface  mismatoh  or  the  chemical  strengthening  component  of  the  blocking  strength  of  Cu-Ni 
interfaces  to  a/2<l  10>  screw  dislocations  is  0.003  jX,  a  factor  of  3  lower  than  the  Koehler  stress. 
Coherency  stresses,  apart  from  exerting  direct  forces  on  dislocations,  alter  the  barrier  strengths  by  three 
mechanisms:  (a)  they  reduce  the  density  of  Van  der  Merwe  misfit  dislocations,  (b)  they  enhance  the 
Koehler  barrier  by  altering  the  elastic  constants  of  both  Cu  and  Ni,  and  (c)  nongUde  stress  components 
change  the  core  structure  of  ghding  dislocations,  thereby  altering  the  Koehler  barrier.  Overall,  the 
barrier  strength  of  { 1 1 1 }  interfaces  is  independent  of  the  wavelength  of  the  multilayer  and  ~  0.02  p  up 
to  a  wavelength  of  Xq,  the  coherence  wavelength  limit.  At  (001 }  Cu-Ni  interfaces  the  total  barrier 
strength  decreases  from  a  value  of  0.02  p  at  large  wavelengths  (X  ~  °)  to  ~  0.01  p  at  X,=X,c,  as 
considered  by  Rao,  Hazzledine  and  Dimiduk,  1995  in  their  yield  stress  model  for  Cu-Ni  multilayered 
structures. 
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Slip-plane  misorientations  provide  powerful  barriers  to  slip  transmission.  Even  at  a  { 1 1 1 }  twinned 
interface  in  a  coherent  Cu-Ni  multilayer,  screw  dislocations  cross- slip  onto  the  interface  rather  than  into 
Ni  because  the  stacking  fault  energy  at  the  interface  is  lower  than  in  Ni.  The  blocking  strength  of  the 
same  interface  to  60  °  dislocations  (which  must  leave  a  step  and  a  residual  dislocation  in  the  boundary) 
is  very  large,  0.03  to  0.04  p.  These  results  have  been  written  as  a  journal  article  in  Philosophical 
Magazine  A  [15]  as  MRS  Proceedings  [21]. 

2.5.3.2  Atomistic  Simulations  of  Dislocation-Interface  Interactions  in  Cu-Cu  Tvyinned 
Nanolavers 

The  strengthening  associated  with  the  Cu-Cu  twinned  nanolayer  system  can  be  solely  attributed  to  the 
slip-plane  mismatch  between  adjacent  layers.  In  this  investigation,  atomistic  simulations  are  used  to 
study  the  interaction  of  a  60°  a/2[l  10]  dislocation  with  a  Cu-Cu  twirmed  nanolayer.  It  is  found  drat  a 
shear  stress  of  0.04  p  is  required  for  the  a/2[l  10]  dislocation  to  cross  the  first  interface.  A  higher  stress 
of  0.08  p  is  required  for  the  subsequent  unhindered  motion  of  the  a/2[l  10]  dislocation  since  it  has  to 
drag  a  high  energy  fault  behind  it  These  results  indicate  that  the  strengthening  achievable  in  the  Cu-Cu 
twirmed  nanolayer  system  can  be  substantial.  These  results  are  being  written  as  a  journal  article. 

2.5.3.3  PislocatioDhlnterface  Interactions  in  aTi-BTi 

Experimental  results  in  the  aTi-pTi  system  by  Prof.  M.  Mills  and  his  group  at  Ohio  State  University 
suggest  fliat  the  yield,  work  hardening,  and  creep  behavior  of  die  aTi-PTi  system  is  strongly  dependent 
on  the  shp  system  that  is  operative,  i.e.,  whedier  ai  or  a2  dislocations  are  operative.  Here,  atomistic 
simulations  are  used  to  study  the  interaction  of  ai  and  a2  dislocations  in  die  a  layer  with  the  appropriate 
aTi-pTi  interface.  It  is  found  that  the  interaction  is  anisotropic,  i.e.,  that  the  a-P  interface  interacts 
strongly  with  the  a2  dislocation  as  compared  to  the  ai  dislocation.  This  is  attributed  to  die  different  slip 
plane  mismatches  between  adjacent  layers  for  the  moving  dislocations.  These  results  are  being  written 
as  a  journal  article. 

2.5.3.4  Frank-Read  Source  Simulation 

The  newly  developed  two-  and  three-dimensional  Green's  function  technique  for  atomistic  simulations 
has  been  applied  to  study  the  operation  of  a  Frank-Read  source  in  metallic  alloys.  The  objective  of  the 
research  is  to  understand  dislocation  multipHcation  at  an  atomistic  level.  Also,  the  development  of  such 
an  atomistic  procedure  is  expected  to  be  usefiil  in  understanding  work  hardening  phenomenon  in  metals 
and  alloys.  Initially,  two  angular  dislocations  were  introduced  in  a  perfect  Ni  crystal,  using  die 
displacement  field  solution  fi’om  the  work  of  Yoffe  etal.  The  stracture  of  the  dislocation  configuration 
tiius  introduced  was  checked  using  differential  displacement  plots.  The  dislocation  configuration  was 
relaxed,  using  the  EAM  potential  for  FCC  Ni,  to  obtain  its  atomistic  core  structure.  Differential 
displacement  field  plots  were  used  to  characterize  the  relaxed  core  structure.  It  was  found  that  along 
the  short  segment  of  the  dislocation  configuration  (8  nm  in  length),  the  dislocation  dissociates  into 
Shockley  partials  with  the  separation  distance  being  a  maximum  in  the  middle  and  a  minimum  at  the 
ends.  The  amount  of  constriction  at  the  ends  is  approximately  a  factor  of  2.  The  dissociation  distance 
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in  the  middle  is  identically  ecpial  to  the  value  obtained  for  an  infinite  a/2[l  10]  edge  dislocatioa  Using 
fixed  boundary  conditions  in  the  atomistic  simulations,  the  bowing  of  the  short  segment  was  obtained  at 
two  glide  stresses,  .01  |i  and  .025  |r.  It  was  found  that  the  short  arm  of  the  dislocation  bows  in  its  glide 
plane  as  expected.  However,  the  two  semi-infinite  long  arms  of  the  dislocation  bends  its  glide  plane, 
also.  To  clarify  whether  the  application  of  pure  glide  stresses  or  pure  glide  strains  influenced  this 
behavior,  both  types  of  stress  states  were  studied.  Some  quantitative  differences  in  the  response  of  the 
dislocation  configuration  was  detected.  However,  qualitatively,  the  responses  were  very  similar 
between  the  two  stress  states. 

Similarly,  an  identical  simulation  with  Green’s  Function  (GF)  boundary  conditions  applied  on  three  of 
the  four  faces  of  the  simulation  cell  was  used  to  obtain  the  relaxed  dislocation  configuration.  Molecular 
static  simulations  combined  with  the  newly  developed  Green's  fimction  boundary  conditions  for 
atomistic  simulations  in  3-D  have  been  used  to  determine  the  bowing  of  the  8-nm-  long  dislocation 
segment  under  various  applied  stresses.  Stresses  ranging  from  0.0025  |i  to  0.01  |i  were  considered  in 
the  calculations.  Results  of  these  simulations  were  compared  with  similar  calculations  performed  using 
fixed  boundary  conditions.  It  is  found  that  at  a  stress  of  0.01  |X,  with  GF  boundary  conditions,  the 
dislocation  segment  bows  in  its  glide  plane  approximately  a  factor  of  2  larger  than  in  the  fixed  boundary 
simulations.  The  atomistic  results  of  bowing  have  been  compared  with  continuum  calculations.  Results 
of  these  simulations  are  published  in  Scripta  Materialia  [22]. 

2. 5.3. 5  Self-Energy  of  Small  Loons 

Atomistic  techniques  have  been  used  to  obtain  flie  self-energy  of  small  glide  shear  dislocation  loops. 

The  purpose  is  to  obtain  the  trends  in  the  shear  loop  energies  as  a  fimction  of  their  radii.  These 
calculations  are  expected  to  give  useful  inputs/insights  into  the  Khantha/PopeA^itek/Sim  model  of 
ductile-brittle  transition  in  metals/intermetallics/semiconductor  materials.  Atomistic  simulations  of  the 
self-energy  of  small  loops  with  radii  ranging  fiom  1.5  b  to  10  b  have  been  completed,  using  an  EAM 
potential  for  FCC  Ni.  Small  radii  loops,  witii  radii  ranging  firom  1.5  to  10  b,  were  introduced  into  the 
simulation  cell.  Stresses  required  for  the  unstable  equilibrium  of  loops  of  various  sizes  were  determined. 
The  equilibrium  stresses  obtained  atomisticaUy  converge  to  continuum  values  at  relatively  large  radii  (5  b 
to  10  b).  However,  at  smaller  radii  (1.5  b  to  3  b),  the  atomistic  results  deviate  strongly  from  the 
continuum  values,  with  the  atomistic  values  being  higher.  Introduction  of  a  core  energy  correction  term 
to  the  continuum  expressions  results  in  an  excellent  fit  to  the  atomistic  values  at  smaller  radii;  however, 
this  correction  term  introduces  a  significant  departure  fiom  the  atomistic  values  at  larger  radii.  The 
results  of  these  simulations  have  been  written  as  a  journal  article  in  Scripta  Materialia  [23]. 

2.5.3.6  Core  Stmcture  and  Mobility  of  3/211 1 11  Screw  Dislocations  in  BCC  Mo 

Atomistic  simulations  using  a  MGPT  potential  and  Green’s  function  boundary  conditions  were 
employed  to  determine  the  Peierls  stress  of  rigid  straight  a/2<l  1 1>  screw  dislocations  for  the 
application  of  shear  stresses  on  { 1 10-and  { 1 12}-type  planes  in  BCC  Mo.  It  is  found  that  the  Peierls 
stress  of  a/2<l  1 1>  screw  dislocations  for  the  application  of  shear  stress  on  the  { 1 10}  planes  is  0.0175 
to  0.020  fi.  Large  twinning-antitwinning  asymmetry  is  found  for  the  application  of  pure  shear  stress  on 
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the  { 1 12}  planes  with  the  Peierls  stress  along  the  twinning  direction  being  0.0125  to  0.020  |i  and  along 
the  antitwinning  direction  to  be  0.050  to  0.05625  p,.  The  Peierls  stress  of  screw  dislocations  for  the 
application  of  tensile  and  compressive  stresses  along  {001 },  { 1 10},  { 1 1 1 },  and  (201 }  directions  were 
also  determined.  A  large  tension-compression  asymmetry  is  observed  for  the  {001},  {110}  and  {111} 
directions.  This  is  a  manifestation  of  the  twinning-antitwinning  asymmetry  observed  in  the  pure  shear 
stress  calculations.  A  tension-compression  asymmetry  is  also  observed  for  the  {201 }  direction, 
indicating  that  nongUde  stress  effects  are  also  important  in  determining  the  Peierls  stress.  To  facilitate  an 
understanding  of  a/2<l  1 1>  screw  dislocation  motion  by  the  kink  pair  mechanism,  the  core  stmcture  and 
energetics  of  six  possible  kinks  and  two  Anti-Phase  Boimdry  (APD)  defects  on  a/2<l  1 1>  screw 
dislocations  were  also  determined.  It  is  found  that  the  kink  pair  formation  energy  at  infinite  separation 
distance  varies  between  1.46  and  2.10  eV  which  is  in  reasorrable  accord  with  the  experimental  value  of 
1.27  eV.  These  results  have  been  written  as  a  journal  article  in  Philosophical  Magazine  A  [24]. 

2. 5.3.7  Cross-Slip  of  a/2ri  101  Screw  Dislocations  in  Model  FCC  Structures 

Three-dimensional,  cross-slipped  core  structures  of  a/2[l  10]  screw  dislocations  in  model  FCC 
stmctuies  are  simulated  using  lattice  static  within  the  Embedded  Atom  Method  (EAM)  formalism.  Two 
parametric  EAM  potentials  fitted  to  the  elastic  and  structural  properties  of  FCC  Ni  were  used  for  the 
simulations.  The  newly  developed  two-and  three-dimensional  GF  are  used  to  relax  the  boundary  forces 
in  the  simulations.  Core  stmctures  and  energetics  of  the  constrictions  occurring  in  the  cross- slip  process 
are  studied.  The  core  stmcture  of  the  constrictions  are  diffuse,  as  opposed  to  a  point  constriction  as 
envisaged  by  Stroh.  The  two  constrictions  formed  by  cross-slip  onto  a  cross  {111}  plane  have 
significantly  different  energy  profiles,  at  variance  with  classical  continuum  theory.  This  suggests  fliat  self¬ 
stress  forces  and  atomistics  dominate  the  energetics  of  the  cross- slip  process;  the  far- field  elastic-energy 
contribution  to  cross- sUp  appears  to  be  minimal.  However,  the  Shockley  partial  separation  distances 
near  the  constrictions,  as  well  as  the  variation  in  cross-slip  energy  with  stacking-fault  energy,  are  in 
reasonable  agreement  with  continuum  predictions.  Cross-slip  energies  estimated  for  Cu  and  Ni  firom 
these  calculations  show  reasonable  agreement  with  experimental  data.  The  cross- slip  energy  shows  a 
significantly  weaker  dependence  on  Escaig  stress  as  compared  to  elasticity  calculations.  The  activation 
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volume  for  the  cross- slip  process  is  estimated  to  be  of  the  order  of  20  b  at  an  applied  Escaig  stress  of 

-3 

10  p  in  Cu,  an  order  of  magnitude  lower  than  experimental  estimates  and  continuum  predictions. 

These  results  have  been  written  as  a  journal  article  in  Philosophical  Magazine  A  (P8)  as  well  as  MRS 
Proceedings  [25]. 

2.5.3. 8  Cross-Slip  Obstacles  on  a/2ri  101  Screw  Dislocations  in  Lin  TiAl 

The  yield  anomaly  identified  in  y-TiAl  has  been  related  to  tire  formation  of  cross-shp  obstacles  on 
a/2[l  10]  screw  dislocations.  TEM  observations  of  a/2<l  10>  screw  dislocatiorrs  in  the  yield  anomaly 
regime  show  a  large  density  of  jogs  on  the  screw  dislocation  segments,  and  has  been  shown  to  be 
formed  as  a  resirlt  of  double  cross-slip.  Previous  2-D  simulations  of  the  core  stmcture  of  a/2<l  10> 
screw  dislocations  show  tiiat  their  core  is  compact  and  has  a  significant  Peierls  barrier.  Here,  some 
results  of  3-D  simulations  of  the  elementary  cross-slip  processes  occurring  in  LI  o  TiAl  are  givea 
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The  energy  of  cross-slip  in  LIq  TiAl  was  determined  parametrically,  as  a  function  of  complex  stacking- 
fault  energy,  using  EAM  potentials  fit  to  properties  of  y-TlAJ.  The  cross-slip  energy  determined  at  a 
fault  energy  of 300  mJ/m?  is  in  agreement  witii  experimental  observations  of  average  spacing  between 
cross-slip  obstacles  in  the  yield  anomaly  regime.  Core  structure  and  energetics  of  a  Viguier  lock  or 
a<l  10>  jog  were  also  determined  using  3-D  simulations.  The  jog  is  diffuse  in  structure  with  a  width  of 
6  b  and  has  a  formation  energy  of  0.69  eV.  At  the  center  of  the  jog,  die  core  of  the  a/2<l  10> 
dislocation  is  completely  contained  in  the  cross- slip  plane.  The  interaction  energy  between  the  two 
elementary  kinks  forming  the  jogs  is  found  to  be  significantly  smaller  than  continuum  estimates.  These 
results  have  been  written  as  a  journal  article  in  TMS  Proceedings  [26]. 

2.5.3.9  The  Influence  of  Solid  Solutions  on  Flow  Behavior  in  v-TiAl 

Modifications  of  alloy  chemistry  are  often  used  to  tailor  the  intrinsic  flow  behavior  of  stractural  materials. 
Models  of  solution  strengthening,  high-temperature  yield  stress  and  creep  must  relate  the  effects  of 
chemistry  to  the  mechanisms  that  influence  these  material  properties.  In  ordered  alloys,  additional 
information  regarding  the  crystallographic  site  occupancy  of  ternary  elements  is  required.  Relaxed 
stmctures  and  energies  for  intrinsic  and  substitutional  point  defects  are  calculated  using  a  first  principles 
plane-wave-pseudopotential  method.  Calculated  defect  energies  were  used  to  predict  the  density  and 
site  preferences  of  solid  solutions  (Si,  Cr,  Nb,  Mo,  Ta  and  W)  in  y-TiAl.  Size  and  modulus  misfit 
parameters  were  calculated  and  the  interaction  of  these  defects  with  a  dissociated  ordinary  screw 
dislocation  evaluated  within  anisotropic  elasticity  theory.  The  derived  interaction  strength  was  then 
related  to  sohd  solution  strengthening  for  these  defect  centers.  We  found  that  the  predicted  solid 
solution  effects  were  in  good  agreement  with  experimental  observations  for  the  binary  alloy.  Several 
papers  were  published  using  these  data.  The  manuscripts  entitled  "Computational  Tools  for  Alloy 
Design:  Solid  Solutions  in  y-TiAl,”  and  "Site  Preferences  and  Formations  Energies  of  Substitutional  Si, 
Nb,  Mo,  Ta  and  W  Solid  Solutions  in  Llo  TiAJ,"  give  the  most  comprehensive  reviews  of  this  work. 

Models  of  creep  in  intermetallic  alloys  must  accoxmt  for  the  influence  of  chemistry  on  the  available 
intrinsic  creep  mechanisms.  As  in  simple  metals  the  presence  of  vacancies  strongly  influences  bulk 
diffusion  processes  in  tiiese  materials.  Limiting  the  density  of  constitutional  and  thermal  vacancies  by 
alloying  may  produce  materials  with  enhanced  creep  properties.  The  energy  of  intrinsic  and 
substitutional  point  defects  in  Llo  TiAl  were  calculated  within  a  first  principles,  local  density  functional 
theory  fiamewotk.  Relaxed  structures  and  energies  for  vacancies,  antisites  and  soUd  solutions  are 
calculated  using  a  plane-wave-pseudopotential  method.  Calculated  defect  energies  were  used  within  a 
canonical  ensemble  formalism  to  estimate  the  point  defect  densities  as  a  function  of  temperature  and 
composition.  The  density  of  vacancies  was  found  to  be  sensitive  to  the  underlying  stoichiometry  of  TiAl. 
The  dependence  of  the  vacancy  concentration  for  sohd  solutions  of  Si,  Cr,  Nb,  Mo,  Ta  and  W  was  also 
predicted.  This  work  was  pubhshed  in  a  manuscript  entitled  "Density  of  Thermal  Vacancies  in  y-TiAk 
M,  M=  Si,  Cr,  Nb,  Mo,  Ta,  or  W." 
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2.5.3.10  First  Principles  Simulation  of  Defoimation  Modes  in  Refiactoiv  Metals 


Modem  dislocation  theory  suggests  that  the  flow  and  fracture  of  these  materials  is  mediated  by  screw 
dislocations  spread  on  conjugate  glide  planes.  Unfortunately,  these  dislocation  cores  cannot  be  imaged 
using  transmission  electron  microscopy,  and  simulations  of  the  dislocation  core  stractures  have  had  to 
rely  on  physically  unrealistic  atomistic  potentials.  We  are  using  first  principles  electronic  structure 
methods  in  conjunction  with  a  novel  boundary  condition  scheme  to  directly  model  isolated  straight 
dislocations.  Previously,  the  lattice  Green's  function  boundary  condition  (GFBC)  method  has  been  used 
in  atomistic  simulations  where  simulation  sizes  were  significantly  reduced  (>90  percent)  while  maintaining 
the  integrity  of  the  core  region.  We  have  derived  the  lattice  Green's  function  using  a  first  principal  plane- 
wave-pseudopotential  method.  Also,  we  have  successfully  relaxed  a/2<l  1 1>  screw  dislocations  in 
BCC  Mo  and  Ta  using  the  first  principles-GFBC  mediod  (FP-GFBC).  The  derived  dislocation  cores 
for  Mo  and  Ta  are  spread  symmetrically  around  a  central  point  in  the  (1 1 1)  plane.  All  previous 
atomistic  work  has  shown  the  Mo  core  to  spread  asymmetrically  on  (1 10)  planes.  While  the  shape  of 
the  Mo  core  is  different  from  previous  atomistic  results  the  lattice  fiiction  stress  for  movement  on  the 
(110)  and  (1 12)  planes  is  in  good  agreement  with  recent  atomistic  results  based  on  state-of-the-art 
potentials  (modified  generalized  pseudopotential  method).  Also,  in  Mo  the  straight  dislocations  always 
moves  on  (1 10)  planes,  as  found  in  previous  by  atomistic  simulations.  This  suggests  that  we  cannot 
accurately  characterize  the  macroscopic  behavior  of  the  group  V  and  VI  BCC  transition  metals  by  the 
shape  of  their  respective  a/2(l  1 1)  screw  dislocation  cores  as  has  been  the  practice  for  the  last  20  years. 
These  results  have  been  published  in  a  manuscript  entitled  "Ab-initio  Simulation  of  Isolated  Screw 
Dislocations  in  BCC  Mo  and  Ta."  Another  manuscript,  entitled  "First  Principles  Method  for  Simidating 
Extended  Defects  in  Metals:  Dislocations  in  BCC  Ta  and  Mo,"  which  discusses  the  method  in  more 
detail,  has  been  submitted  to  Physical  Review  Letters. 

2.5.3.11  First  Principles  Simulation  of  Deformation  Modes  in  IntermetaUics 

We  have  completed  simulations  of  the  equilibrium  a/2<l  10]  screw  dislocation  in  y-TiAl,  which  is 
thought  to  play  the  same  role  in  TiAl  as  the  a/2<l  1 1>  screw  dislocations  in  the  BCC  metals.  We  have 
determined  one  possible  geometry  of  the  equihbrium  core.  The  core  is  found  to  be  spread  on  two 
conjugate  (1 1 1)  planes,  similar  to  previous  atomistic  results.  The  placement  of  the  core  can  be 
correlated  to  the  bonding  found  in  TiAl,  the  dislocation  tends  to  favor  a  configuration  that  shears  weak 
bonds  between  nearest  neighbor  A1  atoms  (Figure  2). 
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Figure  2.  Isosurface  Charge  Density  Plot  of  the  Charge  Density  Near  an 
a/2,110]  Screw  Dislocation  in  LlgTiAl 

This  work  was  presented  at  the  February  The  Minerals,  Metals  &  Materials  Society  (TMS)  meeting  in 
a  contributed  talk  entitled  'First  Principles  Simulations  of  a/2<l  10]  Screw  Dislocations  in  g-TiAl" 

2.5.3.12  First  Principles  Simulation  of  Metal/Oxide  Interfaces 

The  evolution  of  metal/oxide  interfeces  (e.g.,  oxidation  and  corrosion)  is  an  extremely  important 
materials  problem  for  high-temperature  stmctural  materials.  The  lifetime  of  in-service  components 
(materials)  is  often  limited  by  oxidation  properties.  Similarly,  oxidation  resistance  continues  to  be  the 
main  limiting  factor  for  new  materials  systems,  such  as  the  tefiactoiy  metal- intermetalUcs.  We  have 
performed  for  the  first  time  ab-initio  calculations  of  an  incoherent  metal/oxide  interface  ({111  }MgO- 
Cu).  These  were  accomplished  in  collaboration  with  Dr.  Roy  Benedek  using  part  of  flie  Grand 
Challenge  time  allocated  by  the  HPCMO.  This  model  system  has  been  studied  extensively  using  field 
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ion  probe  microscopy  making  it  an  ideal  model  system  to  study  using  first  principle  methods.  The  work 
of  cohesion  is  also  being  calculated  with  and  without  ternary  additions  (Ag)  on  the  interface.  A  paper 
on  this  work,  entitled  "Electronic  Stracture  of  a  Model  Ceramic- Metal  Interface;  {222}  MgO-Cu,"  was 
published  in  Physical  Review  Letters. 

In  the  titanium  aluminides,  y-TiAl,  incoherent  (or  semicoherent)  carbide,  silicide  and  oxide  precipitates 
are  being  used  to  improve  creep  properties  at  high  temperatures.  These  are  typically  small  precipitates, 
formed  under  heat  treatments  tailored  to  dissolve  a  second,  tta  phase,  which  has  a  high  solubility  for  O, 
C  and  Si.  The  particles  precipitate  out  of  0.2  as  the  volume  Suction  of  this  phase  decreases.  Specific 
dislocation-precipitate  interactions  are  not  well  documented,  and  in  general  it  is  not  well  known  if  the 
major  strengthening  component  is  due  to  these  precipitates  or  very  small  coherent  precipitates  in  die 
TiAl  matrix.  Coherent  interfacial  boundaries  between  the  y-TiAl  matrix  and  the  H-type  (T^AIC 
hexagonal)  phase  have  been  characterized  in  samples  of  a  commercial  TiAl  alloy  after  undergoing  creep 
at  800  °C.  We  are  studying  this  inteifacial  boundary  using  electronic  stracture  calculations.  Preliminary 
calculations  have  determined  the  hierarchy  of  boundary  energies  as  a  fimction  of  termination.  We  will 
then  calculate  the  energy  of  point  defects  (constitutional  and  thermal)  near  the  interfece  planes.  These 
data  will  be  used  to  fit  interatomic  potentials  for  the  TiAl-TfeAlC  system.  The  interaction  of  dislocations 
will  microscopic  precipitates  will  then  be  modeled  using  large  scale  atomistic  simulations. 

2.5.3.13  Predicting  Solubility  and  Trends  in  Ternary  and  Higher  Order  Phase  Diagrams  Using 
the  Dilute  Solute  Model  (DSM) 

The  DSM  for  calculating  die  free  energy  of  a  multicomponent  alloy  was  published  by  Dr.  C.  Woodward 
as  part  of  a  Phys.,  Rev.  B  manuscript  in  1998.  In  collaboration  with  Dr.  M.  Asta  (Sandia  National 
Laboratory),  we  are  now  using  a  similar  scheme  to  calcidate  host-precipitate  interfacial  energies  in  the 
AI-AI3SC  alloy  system.  These  results  can  be  used  to  predict  the  solubility  of  the  Sc  in  the  A1  host. 
Further,  we  are  predicting  die  density  of  ternary  elements  (Mg  and  Hf)  in  the  two  phases  and  how 
changes  in  chemistry  will  influence  the  interfacial  energies.  The  defect  energies  are  calculated  using  first 
principles  methods  and  then  incorporated  into  a  Grand  Canonical  Ensemble  representing  the  two  phases 
in  equilibrium.  By  including  the  interface  energies,  die  difference  in  the  chemical  potentials  and  an 
estimate  of  the  hosl/precipitate  vibrational  entropy  we  can  predict  the  solubility  of  Sc  in  A1  as  a  function 
of  temperature  and  alloy  composition.  A  similar  procedure  can  be  used  to  predict  the  size  distribution 
and  stability  of  Y  in  the  nickel  siqieralloys.  A  preliminary  manuscript  entided  "Density  of  Constitutional 
and  Thermal  Point  Defects  in  LI2  AI3SC  ”  was  published  in  Physical  Review  B. 

2.5.3.14  The  Hierarchy  of  Planar  Fault  Energies  in  y  TiAl 

From  FY95  to  FY97  we  used  a  first  principles  method  (LKKR-CPA)  to  calculate  planar  fault  energies 
in  Y  TiAl  over  a  range  of  compositions,  for  both  the  binary  alloy  and  for  ternary  additions  (Cr,  Nb  and 
Mn).  The  predicted  variation  in  planar  fault  energies  was  used  in  conjunction  with  anisotropic  theory  to 
examine  the  influence  of  composition  on  the  driving  forces  for  the  cross-slip  of  <101]  super  dislocations 
in  TiAl.  A  manuscript  documenting  tiiis  work,  entitied  "Planar  Fault  Energies  and  Sessile  Dislocations  in 
Substitutionally  Disordered  TiAl  with  Nb  and  Cr  Additions,"  was  published  during  the  previous 
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contract.  The  results  of  these  calculations  have  been  controversial  in  that  the  hierarchy  of  energies  was 
found  to  be  inconsistent  with  traditional,  bond  counting  models  of  planar  defect  energies.  In  1992,  Dr. 
C.L.  Fu  (Oak  Ridge  National  Lab.)  found  the  traditional  ordering  of  the  planar  defect  energies  using 
FLAPW  methods.  However,  in  FY97  we  confirmed  the  hierarchy  of  energies  found  in  our  original 
LKKR  work  using  an  alternative  method  (pseudo  potential-plane- wave  method),  and  these  results  have 
been  confirmed  by  a  group  of  researchers  at  Sandia  National  Lab.  (Dr.  M.  Asta).  In  addition,  C.L.  Fu 
has  made  corrections  to  his  previous  work  which  verify  our  original  findings.  These  new  values  for  the 
planar  defect  energies  have  been  corroborated  by  Dr.  M.  Mehl  (Naval  Research  Lab.)  and  Dr.  A. 
Quong  (Sandia  Nat.  Lab)  using  the  FLAPW  method. 
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3.  Y-W.  Kim,  D.  M.  Dimiduk  and  M.  Loietto,  “Gamma  Titanium  Aluminides,”  ed.,  TMS, 

Warrendale,  PA,  1999. 

4.  International  Symposium  on  Deformation  and  Microstmcture  in  Intermetallics.  TMS  Annual 
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Whang  and  Dr.  P.  M.  Ha2zledine,  to  appear  in  Intermetallics. 

5.  "Gamma  Titanium  AUumindes  1999,"  eds.  Y-W  Kim,  R.  Wagner,  and  M.  Yamaguchi,  TMS, 
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2.11  AWARDS 

1 .  Y-W  Kim,  FASM  (Fellow  of  American  Society  for  Metals),  1 998 

2.  Y-W  Kim,  Served  as  an  invited  referee  for  the  Review  Meeting  for  the  national  programs  GKSS 
Institute  (which  takes  place  every  four  years),  GKSS  Institute,  30  &31  March,  1998,  Geesthacht, 
Germany. 

3.  Y-W  Kim,  Served  as  the  invited  reviewer  of  a  EC  (European  Community)  TiAl  consortium  (1994- 
1998),  COST  513,  during  the  final  review  meeting,  8  &  9  June,  1998,  Neuchatel,  Switzerland.  The 
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Laboratoiy's  Alan  Berman  Research  Publication  Award.  (Paper  entitled  "Yield  Stress  of  Fine 
Grained  Materials," Acta  Materialia,  46,  pp.  4527, 1998. 
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3.  TASK  II.  ADVANCED  METALLIC  COMPOSITES 

3.1  MAJOR  FINDINGS 


3.1.1  Discontinuously  Reinforced  Aluminum  Composites  (DRA) 

3. 1.1.1  Fracture  Toughness  Testing  of  DRA  Materials 

A  number  of  experiments  were  performed  to  ascertain  the  effect  of  specimen  thickness  on  the  fiacture 
toughness  of  a  powder  metallurgy  7093/SiC/15p  DRA  in  different  microstractural  conditions.  The 
fiacture  toughness  in  the  imder-aged  condition  was  foimd  to  increase  significantly  with  decreasing 
specimen  thickness,  even  at  thicknesses  well  above  the  value  specified  by  ASTM  Er813.  The  influence 
specimen  thickness  was  foimd  to  be  considerably  lower  in  tiie  peak-aged  condition,  which  was 
attributed  to  low  strain  to  failure  associated  with  severe  flow  localization.  In  these  studies,  the  effect  of 
precracking  on  the  fiacture  toughness  was  also  evaluated.  The  dependence  of  specimen  thickness  and 
precracking  were  both  explained  in  terms  of  hydrostatic  stress,  which  has  a  strong  influence  on  the 
maximum  level  of  plastic  strain  that  can  be  sustained  in  the  DRA.  Modeling  was  also  carried  out, 
according  to  the  Rice  and  Tracey  model[l],  and  good  agreement  between  the  model  and  the 
experimental  data  was  found. 

3. 1.1.2  Enhanced-Toughness  DRA 

In  this  work,  two  different  architectural  approaches  were  used  for  toughening  of  DRA  materials.  One 
approach  was  based  on  exploiting  the  higher  apparent  toughness  of  thin  DRA  lamina  (see 
Section  1.1.1)  to  obtain  a  laminate  of  higher  thickness  and  toughness.  The  laminated  composite 
consisted  of  alternate  layers  of  7093/SiC/15p  DRA  plus  an  unreinforced  Al-3003  alloy.  Fracture 
toughness  tests  in  the  crack  divider  configuration  showed  a  toughness  improvement  of  79  percent  in  an 
under-aged  condition,  and  an  improvement  of  53  percent  in  a  peak-aged  condition  compared  to  the 
monolithic  DRA. 

Fractographic  observations  of  the  primary  void  size,  and  its  close  correspondence  with  the  fiacture 
surface  of  thin  specimens,  provided  evidence  that  the  individual  DRA  lamina  indeed  experienced 
sufficient  loss  of  constraint  in  the  thickness  direction.  This  was  further  confirmed  by  observations  of 
delamination  during  fast  fiacture.  However,  the  bond  strengtti  was  characterized  as  quite  strong.  In 
essence,  the  work  suggested  that  the  laminate  was  a  smart  stmcture,  being  resistant  to  failure  under 
normal  conditions,  but  allowing  full  loss  of  constraint  in  the  severe  stress- strain  field  ahead  of  a  loaded 
crack. 

In  another  approach,  tiie  effects  of  adding  various  sized  aluminum  particles  on  the  toughness  of  AT 
7093/SiC/15p  DRA  were  studied.  The  base  material  was  selected  to  contain  lO-pm-sized  SiC 
particles.  The  remaining  DRA  materials  contained  A1  particles  of  different  size,  volume  fiaction  and 
composition,  that  were  blended  with  the  DRA,  and  powder  metallurgically  processed  and  extruded.  It 
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was  found  that  the  modulus,  yield  strength  and  work  hardening  rates  of  the  materials  containing  the  A1 
particles  were  quite  insensitive  to  the  distribution  of  SiC  particles.  On  the  other  hand,  the  strain  to 
failure  was  most  strongly  influenced  by  the  presence  of  pure  A1  and  Al- alloy  particles,  based  on  local 
SiC  particle  volume  fraction.  Fracture  toughness  calculations  showed  that  the  ASTM  E-561  procedure 
is  more  appropriate  for  DRA  materials,  which  exhibit  small-scale  yielding  conditions,  than  either  of  the 
E-3 1 8  and  &  1 152  procedures.  The  materials  containing  Al  particles  also  exhibited  improved  crack 
growth  toughness  over  the  base  DRA,  and  in  some  cases,  the  initiation  toughness  was  also  increased. 

3. 1.1.3  Analytical  Modeling  of  Deformation  and  Fracture  in  DRA 

A  significant  effort  was  spent  in  modeling  the  deformation  and  fiacture  behavior  of  DRA  alloy 
composites.  The  material  considered  was  Alr7093/SiC/15p,  with  approximately  10-fjm-diameter  SiC 
particles.  The  modeling  illustrated  the  following:  (1)  Angular  particles  are  best  represented  as  unit 
cylinders.  This  geometry  of  particles  provides  better  load  transfer  characteristics  (hence  higher  Yoimg's 
modulus)  than  spherical  ones,  in  line  with  comparisons  between  experimental  and  predicted  Young's 
modulus,  and  (2)  The  elastic-plastic  model  of  Bao,  Hutchinson  and  McMeeking  [2]  is  able  to  provide  a 
good  prediction  of  the  stress- strain  behavior  of  these  composites. 

3. 1.1.4  Characterization  of  Spatial  Heterogeneity  in  DRA 

A  new,  image  analysis  based  multiscalar  technique  was  developed  for  characterizing  the  spatial 
distribution  of  second-phase  particles  in  two-dimensional  distributed  multiphase  systems.  The  analysis 
was  called  Multi-scalar  Analysis  of  Area  Fractions,  or  MSAAF.  The  technique  was  successfully 
applied  to  the  characterization  of  reinforcement  distributions  in  two  different  DRA  microstractures,  each 
with  different  levels  of  spatial  heterogeneity  due  to  different  powder  processing  parameters.  A 
systematic  variation  in  the  degree  of  spatial  heterogeneity  (as  characterized  by  the  coefficient  of  variation 
in  area  fiaction)  was  observed  with  increasing  length  scale.  This  result  led  to  the  definition  of  a 
parameter  Lh,  or  homogeneous  length  scale.  The  relevance  of  Lh  is  believed  to  be  in  controlling  the 
statistical  variation  in  mechanical  properties  such  as  tensile  strength,  ductility,  and  fiacture  toughness, 
whose  controlling  mechanisms  operate  on  different  length  scales  in  the  microstracture.  Experiments  are 
currently  underway  to  measure  correlations  between  each  of  these  mechanical  properties  and  the  level 
of  spatial  heterogeneity  in  model  composite  systems. 

3.1.2  Fiber-Reinforced  Titanium  Matrix  Composites  (TMC) 

3. 1.2.1  Longitudinal  Tension  Testing  of  TMCs 

A  significant  amount  of  work  was  carried  out  to  investigate  file  load-sharing  behavior  seen  in 
composites  loaded  in  longitudinal  tension.  Tests  were  performed  at  room  temperature  on  specimens 
fix)m  multi-ply  and  single-ply  panels,  in  order  to  determine  how  load-sharing  behavior  and  cumulative 
fiber  fracture  was  altered  by  the  presence  of  additional  plies.  Tensile  testing  of  single-ply  specimens 
revealed  that  local  load  sharing  was  present  for  all  interfacial  conditions,  independent  of  whether  the 
normal  bond  strength  was  very  weak  (Trimarc  fiber),  of  medium  strength  (SCS-6),  or  if  the  bond  was 
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of  high  strength  (SCS-0).  In  addition,  cumulative  fiber  fiacture  was  observed  to  be  dominated  by 
matrix  slip  between  45  and  60  to  the  loading  axis,  rather  than  being  coplanar,  as  is  assumed  in  all  local 
load- sharing  models. 

Longitudinal  tensile  tests  of  SCS-6/Ti-6Al-4V  and  Trimarc/Ti-22Al-23Nb  specimens  indicated  that 
local  load  sharing  was  also  dominant  in  the  multi-ply  panels.  However,  the  fracture  plane  was 
perpendicular  to  file  loading  direction,  rather  than  being  inclined,  as  was  the  case  with  the  single-ply 
specimens.  Interestingly,  the  numbers  of  broken  fibers  were  less  than  expected  based  on  local  load- 
sharing  arguments,  and  acoustic  emission  data  taken  during  the  tests  suggested  that  the  fiber  fiactures 
occurred  at  the  end  of  the  test,  rather  than  in  a  progressive  fashion,  with  increasing  strain. 

From  the  standpoint  of  interface  development,  these  results  suggest  that  stress  concentration  effects 
fi'om  broken  fiber  ends  will  not  play  a  large  role  in  TMC  longitudinal  strength  performance.  Therefore, 
weakening  the  interface  to  prevent  stress  concentrations  at  room  temperature  may  have  only  a  small 
benefit.  The  real  issue  in  these  systems,  therefore,  becomes  the  prevention  of  interphase  cracks  fi'om 
reaching  the  fiber,  causing  failure  even  without  the  presence  of  other  fibers.  This  requires  a  low¬ 
toughness  interphase.  This  is  unfortunate,  because  interfacial  toughness  tends  to  scale  with  interfacial 
bond  strength,  which  is  one  of  the  requirements  for  high  transverse  strength. 

3. 1.2.2  Transverse  Tension  Testing  of  TMCs  Using  Cmciform  Specimen  Geometry 

A  cmciform  specimen  geometry,  developed  previously  [3, 4],  was  employed  in  order  to  effectively 
eliminate  the  influence  of  the  fiber/fiee  surface  intersection  during  the  transverse  tension  testing  of  fiber- 
reinforced  TMCs.  In  these  studies,  extensive  transverse  tensile  testing  of  single-  and  mult^le- fiber 
specimens  of  SCS-6/Ti-6Al-4V  composites  was  performed.  The  average  remote  debond  stress  for 
well-consolidated,  damage-fiee  single-fiber  specimens  was  measured  at  322  ±  14  MPa,  while  a 
Weibull  analysis  indicated  that  the  characteristic  strength  was  328  MPa,  with  a  WeibuU  modulus  of  27. 
Stress  analysis  carried  out  using  Finite  Element  Method  (FEM)  suggested  that  at  this  level  of  remote 
stress,  the  interface  supports  a  tensile  stress  of  approximately  120  MPa,  a  value  much  greater  than 
previously  thought.  Experiments  carried  out  on  multiple-fiber  specimens  yielded  very  similar  results. 

In  other  experiments,  measurements  were  made  to  ascertain  the  nature  of  the  failure  mechanism  at  the 
fiber/matrix  interface.  It  was  found  that  interfacial  failure  in  several  carbon/carbon-rich  coated  SiC/Ti- 
6A1-4V  composites  can  occur  by  tangential  shear  stress  before  the  observed  nonlinearity  in  the 
experimental  stress- strain  curve  caused  by  normal  interfacial  separation.  The  effect  of  fiictional  sliding 
before  normal  interface  separation  on  the  stress  redistribution  and  stress- strain  response  of  SiC/Ti-6Al- 
4V  composites  was  examined  using  FEM.  Results  indicated  that  stress  redistribution  due  to  tangential 
shear  sliding  may  significantly  modify  both  interface  radial  stress  distribution  and  matrix  hoop  stress.  The 
matrix  equivalent  stresses,  however,  are  not  significantly  affected  by  tangential  shear  sliding  until  normal 
interfacial  separation  occurs.  A  methodology  was  developed  for  determining  the  stress  concentration 
factor  and  the  normal  bond  strength  of  an  interface  where  tangential  shear  sliding  is  occurring.  Using  fiiis 
approach,  the  normal  bond  strengths  for  the  Trimarc-  1/Ti-6A1-4V  and  the  SCS-6/ri-6Al-4V  interfaces 
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were  estimated  as  40  MPa  and  145  MPa,  respectively.  These  values  are  significantly  higher  than  those 
calculated  without  considering  fiictional  sliding. 

3. 1.2.3  Creep  Behavior  of  TMCs 

Although  the  cmciform  specimen  geometry  has  been  identified  (using  FEM)  as  suitable  for  transverse 
tensile  creep  experiments  in  TMCs,  the  majority  of  the  work  in  this  area  was  completed  using  parallel¬ 
sided  specimens,  with  embedded  fibers  designed  to  remove  the  stress  singularity  found  where  the  fibers 
intersect  the  specimen  edges.  Constant  load  creep  tests  were  carried  out  on  embedded  fiber  specimens 
of  SCS-6/Ti-6Al-4V,  in  order  to  understand  how  a  finite  interface  bond  strengfli  influences  the 
transverse  creep  behavior.  Results  indicated  that  the  creep  response  is  consistent  with  a  bond  strength 
of  approximately  145  MPa.  When  the  fibers  are  exposed  at  the  edges,  the  creep  rate  increases 
significantly,  indicating  that  stress  singularity  and  oxidation  effects  have  a  large  influence  on  the  creep 
behavior.  The  results  were  modeled  successftilly,  using  a  modified  Crossman  [5]  approach,  taking  into 
account  tiie  finite  interfacial  bond  strength  of  the  fibers.  A  range  in  apparent  debond  stress  was 
observed,  and  it  was  proposed  that  this  is  a  result  of  nonuniform  fiber  spacing  in  the  specimens,  and  also 
due  to  time-dependent  relaxation  of  the  thermal  residual  stresses  in  the  matrix. 

3. 1.2.4  Fatigue  and  Interfacial  Effects  in  TMCs 

Work  was  carried  out  to  study  the  effect  of  the  interface  on  transverse  FCG  behavior  of  TMCs.  In 
general,  the  results  of  these  FCG  tests  indicated  that  independent  of  bridging,  elastic  shielding  plays  a 
major  role  on  crack  deceleration,  with  a  stronger  interface  usually  performing  better.  The  crack 
deflection  data  with  different  interfaces  (SCS-6,  Trimarc  and  SCS-0)  are  broadly  consistent  with  the 
models  of  Gupta,  Argon  and  Suo  [6].  Thus,  interfaces  can  be  designed  and  optimized  simply  by  using 
the  bond  strength  as  measured  firom  transverse  tension  testing,  and  experimental  fiber  strength  values. 

In  one  set  of  experiments,  it  was  demonstrated  that  significant  improvements  in  FCG  behavior  could  be 
achieved  by  placing  a  thin  stripe  of  weak  interface  ahead  of  flie  crack  tip  in  composites  which  othawise 
exhibited  no  fiber  bridging  behavior.  This  type  of  interfacial  engineering  is  called  spatially- varied 
interfacial  bonding,  or  SVIB.  In  another  set  of  experiments,  transverse  FCG  behavior  was  also 
measured  in  mixed  fiber  composites,  comprising  both  strongly  and  weakly  bonded  fibers  in  the  same 
fiber  ply.  Results  from  these  tests  gave  a  sinqjle  rule-of-  mixtures  relationship  between  the  crack  growth 
rates  and  the  proportions  of  strong  and  weak  fibers. 

3. 1.2.5  Development  of  New  Fiber  Coatings  for  Optimized  Mechaitical  Properties  in  TMCs 

The  purpose  of  this  research  project  was  to  develop  and  characterize  new  interfaces  that  provide 
improved  tensile  (normal)  bond  strength,  wifliout  significant  degradation  of  fiber  strength  and  resistance 
to  FCG.  Two  new  interface  systems  were  studied:  (1)  titanium-ytttium-titanium  (TYT),  and  (2)  SiC 
fiber  sheath. 
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The  TYT  system  is  based  on  the  concept  of  using  a  thin  Plasma  Vapor  Deposition  (PVD)  Ti  layer 
adjacent  to  the  SiC  fiber  for  improved  fiber/coating  interfacial  strength,  coupled  with  a  layer  of  Y  to  act 
as  a  diffusion  barrier.  An  outer  Ti  layer  was  added  to  improve  handling  and  reduce  oxidation  during 
processing.  However,  results  fi:om  transverse  tensile  testing  using  the  craciform  specimen  geometry  and 
fiom  longitudinal  testing  using  fiagmentation  techniques  showed  no  significant  in^rovement  in  composite 
strength.  This  was  related  to  oxygen  pickup  in  the  Y  coating  during  processing,  forming  undesirable 
yttrium  oxides  vdiich  were  identified  using  TEM. 

The  SiC  sheath  system  is  based  on  the  Amercom  Trimarc  fiber,  which  has  an  outer  sofl/hard/soft  C 
layer  which  is  easily  debonded  in  the  presence  of  a  matrix  crack  To  this  is  added  an  additional  strong 
SiC  sheath  of  5  to  15  pm  thickness.  The  SiC  is  designed  to  bond  strongly  to  the  matrix  to  provide  good 
transverse  bond  strength,  while  the  underlying  C  layer  would  act  as  a  weak  interface  to  enhance  FCG 
performance.  Although  flie  transverse  strengths  were  measured  to  be  higher  than  expected,  results  from 
single-ply  longitudinal  tensile  tests  showed  lower  strengths  than  a  standard  Trimarc  composite,  due  to 
premature  cracking  in  the  SiC  sheaths  from  unknown  causes. 

Work  in  both  of  these  experimental  coating  technologies  has  been  suspended  indefinitely  until  flie 
problems  outlined  above  can  be  solved. 

3.1.3  Fiber-Reinforced  Orthorhombic  Titanium  Matrix  Composites  (OTMCs) 

A  significant  amount  of  work  was  carried  out  to  investigate  the  effects  of  heat  treatment  on  the 
microstmcture  and  mechanical  properties  of  OTMCs.  To  extract  maximum  benefit  from  this  new 
generation  of  alloys,  it  was  considered  important  to  obtain  the  desired  matrix  microstmcture,  based  on 
an  understanding  of  stracture-property  relationships.  Heat  treatment  studies  were  conducted  for  this 
purpose,  and  they  provided  improvements  both  in  strength  and  ductility  of  the  OTMCs.  It  was  found 
that  the  major  problem  with  this  system  is  C  diffusion  from  the  fiber  coatings  into  the  matrix  during  heat 
treatment.  The  associated  microstmctural  changes,  including  stabilization  of  the  alpha-2  phase,  required 
careful  adjustment  of  the  heat  treatment  schedules,  and  often  the  required  microstractures  were  simply 
unobtainable.  However,  a  number  of  significant  findings  were  made:  (1)  The  B2  phase  has  wavy  sUp 
behavior  with  dimple  fiacture  characteristics  and  is  an  important  ingredient  for  imparting  ductihty  to  the 
matrix,  (2)  The  alpha/alpha-2  grain  boundary  phases  should  be  avoided,  because  they  are  potent 
cracking  sites,  (3)  the  orthorhombic  (O)  phase  is  more  crack  resistant,  and  is  therefore  important  for 
high- temperature  transverse  strength  and  creep  resistance  of  OTMCs,  and  (4)  interstitial  contamination 
(C  and  O)  from  the  fiber  coating  to  the  matrix  must  be  reduced  to  increase  ductihty. 


3.2  CURRENT  WORK 


3.2.1  Discontinuously  Reinforced  Aluminum  (DRA)  Composites 

3.2. 1.1  Effect  of  Degassing  on  Mechanical  Properties  of  a  DRA  Composite 

Room-temperature  tensile  properties  of  two  rods  of  a  PM  Al/SiC/20p  composite  produced  from 
powders  blended  in  air  or  in  vacuum  followed  by  extrusion  at  450  “C  with  25: 1  extension  ratio  were 
determined.  The  properties  did  not  depend  on  the  blending  conditions:  YS  =  17.3+0.8  ksi,  UTS  = 
24.4±0.4  ksi,  El  =  15±1%  and  RA  =  27+2%  were  the  same  for  both  conditions.  Distribution  and 
clustering  of  SiC  particles  in  the  extended  samples  as  well  as  fracture  surfaces  of  tensile  specimens  were 
studied  using  SEM.  No  notable  difference  was  found. 

3.2.1.2  Microstmctural  Characteri2ation  and  Simulation 

The  MSAAF  technique  for  characterizing  spatial  heterogeneity  in  distributed  multiphase  systems  is  being 
extended  from  two  dimensions  to  three  dimensions.  It  is  apparent  that  certain  parallels  exist  between 
the  two  analyses,  specifically  in  the  theoretical  dependency  of  coefficient  of  variation  of  volume  Suction 
with  increasing  sampling  size  for  random  distributions  of  second  phase  particles  in  two  and  three 
dimensions.  The  theoretical  predictions  have  recently  been  verified  experimentally,  using  a  three 
dimensional  particle  placement  routine,  written  in  IDL  by  Sooufliem  Ohio  Council  of  Higher  Education 
(SOCHE)  student  researcher  Alan  Frazier.  It  is  hoped  that  further  3-D  infonnation  will  be  gathered 
from  currently  running  high-resolution  x-ray  computed  tomography  experiments,  using  Discontinuously 
Reinforced  Copper  (DRCu)  materials  (see  section  3.2.2). 

3.2.1.3  Effect  of  Particle  Morphology  on  Mechanical  Properties  of  DRA 

Work  is  currently  underway  to  study  the  effect  of  particle  morphology  on  the  tensile  response  and 
fiucture  behavior  of  DRA.  Two  powder  metallurgy  Al-6061/SiC/25p  materials  were  fabricated  using 
established  powder  blending,  compaction,  and  extrusion  techniques.  One  of  the  materials  contained 
abrasive-grade  SiC  (F-600),  while  the  second  material  was  febricated  using  a  more  rounded  high  bulk 
density  (HBD)  SiC  powder.  The  mechanical  testing  of  these  two  materials  is  yet  to  be  completed. 
However,  initial  results  are  very  encouraging  and  strongly  suggest  that  the  HBD  specimens  show 
increased  tensile  ductility  up  to  40  %  higher  than  the  F-600  materials  wifli  negligible  decrease  in  steengfli 
and  elastic  modulus.  SEM  fiactography  results  also  suggest  a  transition  from  a  brittle  failure  mode  in  the 
F-600  material  to  a  more  ductile  failure  mode,  wifli  increased  dimpling  of  the  fracture  surface,  m  the 
HBD  material.  The  abihty  to  increase  the  specific  modulus  of  these  DRA  materials  by  increasing  the 
SiC  content  without  significantly  reducing  the  ductility  is  seen  as  enabling  for  many  AF  applications 
where  high  steuctural  efficiency  is  key. 
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3.2.2  Discontinuously  Reinforced  Copper  (DRCu)  Composites 

Under  the  LDF  task,  "Controlled-Microstructure  Powder  Metallurgy  Discontinuously  Reinforced 
Metallic  (PM-DRX)  Composites  Via  Coating  of  Reinforcement"  (J.E.  Spowart,  P.L),  SiC  powders 
were  coated  with  metallic  copper  and  direct  powder  forged  (Ceracon,  Inc.)  into  a  fully  dense  billet.  This 
material  is  currently  undergoing  microstmctuial  and  thermal  property  evaluation.  Additional  material  was 
prepared  at  the  Materials  Laboratory  (ML)  using  Hot  Isostatic  Process  (HIP),  both  from  the  MCP 
precursor  and  via  a  conventional  route,  using  a  blend  of  SiC  and  Cu  powders.  The  HIP'ed  material  is 
currently  undergoing  high-resolution  x-ray  computed  tomography  measurements  (NRL)  in  order  to 
extract  3-D  microstmctuial  information.  This  work  complements  the  ongoing  effort  on  microstructural 
characterization  and  simulation. 

3.2.3  Amorphous  Aluminum 

3.2.3. 1  Crystallization  Kinetics  of  an  Amorphous  Al-based  Alloy 

Alg5NiioY2.5La2.5  alloy  powder  produced  by  gas  atomization  was  sieved  into  three  grades  with  particle 
sizes  -500  mesh,  -325/+500  mesh,  and  -200/+325  mesh,  and  the  phase  composition  of  the  each  grade 
was  determined.  The  -500  mesh  powder  was  almost  fully  amorphous,  the  powder  of-200/+325  mesh 
size  was  fully  crystalline,  and  the  intermediate  grade  powder  was  only  partially  amoiphoiB. 
Crystallization  kinetics  of  the  amorphous  phase  were  studied  in  the  -500  mesh  powder  (particle  size  < 
23  |im)  using  DTA,  XRD,  and  SEM.  Crystallization  occurred  in  the  temperature  range  230  °C  to  450 
°C  in  toee  steps  by  exothermic  reactions.  The  activation  energies  of  the  mechanisms  responsible  for  the 
three  steps  of  the  crystallization  were  determined  as  148  kJ/mol,  336  kJ/mol,  and  274  kJ/mol, 
respectively.  XRD  and  SEM  analysis  of  the  powder  heated  to  different  temperatures  showed  that 
precipitation  of  ATbased  particles  occurred  during  the  first  exothermic  reaction,  crystallization  of  the 
AhLa  phase  and  an  increase  in  the  volume  finction  of  the  Al-based  phase  took  place  during  the  second 
exothermic  reaction,  and  development  of  the  AljNi  phase  occurred  during  the  third  exothermic  reaction. 
After  annealing  at  550  "C,  the  powder  consisted  of  Al-based  matrix  reinforced  with  very  fine 
intermetallic  particles  of  different  morphologies. 

3.2. 3.2  Compaction  of  an  Amorphous  Powder 

Possibility  of  compaction  of  an  amorphous  powder  at  moderate  temperatures  (below  the  crystallization 
temperature)  using  equal  channel  ai^ar  pressing  (ECAP)  was  evaluated.  The  powder  was  cold 
compacted  and  ECAP  processed  at  290  ®C.  Although  some  regions  were  fully  consolidated,  the 
compacted  material  was  highly  porous.  The  microstmcture  of  the  compact  has  been  studied  using  SEM 
and  TEM.  The  work  is  in  progress. 

3.2.3.3  Topology-Based  Stmctural  Models  for  Amorohous  Metals 

An  atomic  stmctural  model  for  amorphous  A1  alloys  was  explored  and  proposed.  This  model  provides 
description  of  likely  local  atomic  configurations  and  is  consistent  with  experimental  observations.  An 
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analysis  of  atomic  size  distributions  in  ordinary  and  bulk  amorphous  alloys  was  performed.  Ordinary 
amorphous  alloys,  which  have  a  high  critical  cooling  rate,  were  found  to  have  single-peak  distributions, 
with  concave  downward  shape.  These  amorphous  alloys  have  at  least  one  alloying  element  with  a 
smaller  atomic  radius  and  at  least  one  allo5ing  element  with  a  larger  radius  relative  to  the  base  element. 
The  concentration  of  an  alloying  element  decreases  rapidly  as  the  difference  in  the  atomic  sizes  of  the 
base  element  and  alloying  element  increases.  Atomic  size  distributions  of  currently  known  bulk 
amorphous  alloys  based  on  Zr,  Pd,  or  Ln,  have  completely  different,  concave  upward  shape  with  a 
minimum  at  an  intemediate  atomic  size.  The  base  alloying  element  in  these  alloys  has  the  largest  atomic 
size  and  the  smallest  atom  often  has  the  next-highest  concentration.  A  topological  model  for  glass 
formation  that  explains  a  concave  upward  shape  of  atomic  size  distributions  for  the  bulk  amorphous 
alloys  has  been  developed.  This  model  recognizes  that  all  alloying  elements  in  bulk  glass  formers  are 
smaller  than  the  matrix  element.  A  critical  feature  of  this  model  is  that  alloying  element  can  occupy  either 
substitutional  or  interstitial  sites,  or  both,  depending  upon  their  atomic  radius  relative  to  the  solvent  atom. 
Further,  elements  may  partition  between  fliese  two  sites  and  the  relative  site  fiequency  is  a  function  of 
the  fiee  energy  increase  associated  with  each  site.  According  to  this  model,  the  critical  concentration  of 
a  solute  element  required  to  destabilize  the  crystalline  lattice  decreases,  reaches  a  minimum  and  than 
increases  when  the  difference  between  atomic  sizes  of  the  solute  and  matrix  elements  increases. 
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SECTION  4.  TASK  III.  CERAMIC  COMPOSITES 


As  part  of  the  1996-2000  on-site  contract  (U.S.  Air  Force  Contract  #F33615-96-C-5258)  with 
AFRL,  UES,  Inc.  proposed  to  work  towards  the  enhancement  of  the  oxidation  resistance  of 
continuous  fiber  reinforced  ceramic  matrix  composites  (CMC),  thereby  retaining  their  damage 
tolerance.  It  was  proposed  that,  in  close  collaboration  with  AFRL  personnel,  we  explore 
oxidation-resistant  interface  concepts,  establish  a  fiber  (tow)  coating  methodology  for  selected 
coatings,  establish  and  use  a  protocol  to  evaluate  the  effectiveness  of  such  approaches,  analyze 
(theoretically  and  experimentally)  the  mechanics  of  minicomposites  and  macrocomposites,  and 
through  such  procedures/tasks  identify  promising  oxide-oxide  composite  systems.  We  (UES, 
Inc.)  in  collaboration  with  government  engineers  in  the  Ceramics  group  (MLLN)  and  in  the 
Mechanics  branch  (MLBP)  have  successfully  completed  these  tasks  and  have  identified  two 
approaches  that  are  most  promising  for  further  research.  The  two  approaches  involve  using 
interlayers  of  either  monazite  (LaP04)  or  porous  oxides  (Zr02-Si02,  Zr02,  YAG)  between  the 
fiber  and  matrix.  This  assessment  was  arrived  at  gradually  through  processing  trials  and 
advances,  establishing  thermomechanical  stability,  fiber  push-out  techniques  and  models, 
processing  and  testing  of  microcomposites  and  minicomposites,  extensive  SEM/TEM  analysis, 
mechanics  modeling,  development  of  mechanistic  understanding  of  fiber  strength  degradation, 
and  clever  process  improvements. 

In  the  case  of  monazite  interlayers,  coated  Nextef  720  and  Nextel™  610  fibers  embedded  in 
matrices  of  alumina  were  shown  to  retain  much  of  their  fiber  strengths  in  composites  after  long 
periods  (100  hours)  of  exposure  at  temperatures  as  high  as  1200  °C,  significantly  better  than  the 
control  (coatingless)  composites.  Among  the  porous  oxides  tested,  YAG  is  the  most  refractory 
and  resistant  to  pore  coarsening.  The  promise  of  porous  YAG  coatings  on  NexteF“  610  fibers 
has  been  inferred  from  minicomposite  testing,  a  protocol  established  as  part  of  our  on-site 
program.  This  test  also  showed  that  the  porous  YAG  densified  after  long-term  (100  h)  exposures 
at  1200  °C;  this  makes  it  necessary  to  determine  the  use  limits  of  these  coatings  and  identify 
more  refractory  oxides  for  use  at  1200  °C  and  above.  Finally,  we  have  started  a  collaborative 
research  effort  with  the  propulsion  directorate  on  designing  oxide-oxide  ceramic  composites  for 
a  very  specific  application  in  a  combustion  chamber.  Thus  from  the  efforts  of  the  prior  contract, 
we  have  identified  monazite  (in  general,  Xenotimes)  and  refractory  porous  oxides  as  the  most 
promising  interlayers  for  oxide-oxide  composites.  The  following  is  a  concise  report  giving 
details  of  the  activities  performed  during  this  contract. 

4.1  SUMMARY  OF  MAJOR  FINDINGS 

In  this  section  we  give  a  summary  of  each  of  the  projects  undertaken  and  completed  (by 
reporting  in  recognized  journals).  Further  details  can  be  foimd  in  the  publications  cited.  A  list  of 
the  cited  publications  (all  resulting  from  this  contract)  is  given  in  Section  4.3  in  chronological 
order. 
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4.1.1  Interface  Control 


4.1. 1.1  Easy  Cleaving  Oxides:  Hexaluminates 

Calcium  hexaluminate  (CaAlj20j9,  hibonite)  was  used  to  produce  highly  textured  fiber  coatings 
and  interphases  in  single- crystal  alumina  fiber-based  ceramic  matrix  composites.  Cracks  were 
shown  to  deflect  and  propagate  within  the  interphase  by  cleavage.  Critical  strain- energy  release 
rates  of  2.2  HvH  were  measured  for  highly  textured  polycrystalline  CaAli20i9  interphases  [11, 

13,  39].  An  interesting  outcome  of  tiiis  work  was  the  invention  of  a  method  to  form  tubular 
inclusions  of  hexaliuninates  in  sapphire  [22].  The  reactions  between  hot-pressed  calcium 
hexaluminate  and  silicon  carbide  (SiC)  at  1 100  °  to  1400  °C  in  air  and  nominal  argon 
atmospheres  were  also  investigated.  In  inert  atmospheres,  there  was  no  evidence  of  reaction  at 
temperatures  up  to  at  least  1400  °C.  In  air,  the  oxidation  of  SiC,  produced  a  layer  of  silica  or  a 
multicomponent  amorphous  silicate  (depending  on  impurities)  that  reacted  with  CaAljjOj^. 
Below  1300  °C,  the  reaction  resulted  in  the  stratification  of  two  distinct  interfacial  layers;  one 
was  a  partially  devitrified  Ca0-Al203-Si02  glass  adjacent  to  SiC,  and  the  other  was  a 
CaAljSijOg  (anorthite)  layer  adjacent  to  hibonite.  At  1400  °C,  a  large  amount  of  liquid  was 
formed,  the  majority  of  which  was  squeezed  out  from  between  the  couple.  No  distinct  layer  of 
anorthite  was  present  but  was  replaced  by  a  layer  of  alumina  between  the  glass-rich  layer  and 
hibonite.  An  activation  energy  of  290  kJ/mol  was  determined  for  the  reaction,  which  is 
consistent  with  oxygen  diffusion  through  a  calcium  aluminosilicate  glass.  The  reaction  between 
rare-earth  hexaluminates  and  Si02  was  predicted  to  produce  a  more  viscous  glass  than  CaAlj20j9 
and  Si02  and,  therefore,  have  slower  reaction  kinetics  due  to  lower  mass  transport  in  the  glass 
[12]. 

Subsequent  work  focused  on  lowering  the  temperature  for  synthesis  and  texturing  of  both 
calcium-  and  lanthanum-based  hexalmninates.  Doping  of  hexaluminates,  primarily  with 
transition- metal  oxides,  allows  for  their  formation  at  temperatures  as  low  as  1000  °C.  Grain- 
growth  rates  are  about  an  order  of  magnitude  greater  than  for  undoped  powders.  Textured 
coatings  have  been  grown  on  single-crystal  YAG  plates  at  1200  °C.  However,  there  does  not 
seem  to  be  an  adequate  driving  force  for  grain  growth  and  texturing  of  the  coatings  on 
polycrystalline  alumina  fibers  (Nextel™  610)  at  1200  °C,  the  maximum  processing  temperature 
for  these  fibers.  The  lack  of  a  more  refractory,  commercially  available  fiber  that  is  phase 
compatible  with  the  hexaluminates  currently  limits  further  development  of  a  hexaluminate  fiber- 
matrix  interphase  [14,  56]. 

4.1. 1.2  Weakly  Bonded  Interface:  Monazite 

Monazite  (LaP04)  is  under  consideration  as  an  oxidatiomresistant  fiber-matrix  interface  in 
CMCs  in  place  of  oxidation  prone  carbon  or  boron  nitride  (BN).  Liquid  phase  precursors  and 
CVD  have  been  used  to  coat  fiber  tows  with  monazite.  A  major  problem  with  monazite  fiber 
coatings  is  fiber  strength  degradation  after  coating  and  after  long-term,  high- temperature  heat 
treatments.  The  work  reported  here  focused  on  experiments  designed  to  find  a  monazite  Sol 
precursor  that  preserves  fiber  strength.  Monazite  coatings  were  initially  deposited  on  sapphire 
filaments,  followed  by  coatings  on  Nextel™  720,  610  and  SiC  fibers  using  various  monazite 
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precursors.  Prior  to  coating  the  fiber,  the  monazite  precursors’  viscosities,  densities,  and 
concentrations  were  measured.  The  resultant  solids  were  characterized  by  DTA/TGA,  X-ray  and 
mass  spectrometry.  The  coatings  were  characterized  for  thickness,  microstructure,  and 
composition  by  optical  microscopy,  SEM,  and  TEM.  Coated-fiber  tensile  strengths  were 
measured  by  single  filament  tensile  tests. 

4. 1.1. 2.1  Coatings  on  Sapphire  Monofilaments 

Various  routes  to  synthesize  monazite  sols  were  explored.  Sapphire  fibers  were  dip  coated  and 
cured  at  700  °  to  1 100  °C.  The  coating  thickness  varied  fi’om  60  to  150  nm  and  was  found  to 
depend  on  the  monazite  sol  concentration  and  the  number  of  coats.  X-ray  diffraction  of  the 
coated  fibers  showed  the  formation  of  monazite  above  700  °C  [3]. 

4. 1.1. 2.2  Coatings  on  Nextel™  720  and  610  Fiber  Tows 

Seven  different  aqueous  or  ethanolic  precursors  were  used  to  continuously  coat  monazite 
(LaP04)  on  NexteF*^  720  fiber  tows.  The  coatings  were  cured  in-line  at  temperatures  of  1200  ° 

to  1400  °C  and  at  a  rate  of  1 .4  cittsec'' .  Fibers  were  continuously  coated  when  precursors  with  > 
40  g/1  monazite  5deld  and  <  2  mPa*sec  viscosity  were  used.  Coating  bridges  between  filaments 
and  crust  around  the  tow  perimeter  were  more  abxmdant  for  more  viscous  precursors.  Cracking 
in  thinner  coatings  was  xmcommon,  despite  high  heating,  and  cooling  rates.  Median  coating 
thickness  was  typically  50  to  100  nm  for  precursors  with  40  to  80  g/1  monazite  yield.  Coating 
thicknesses  fit  a  log-normal  distribution,  which  was  bimodal  when  the  crust  around  the  tow 
perimeter  was  abundant.  Median  coating  thicknesses  were  nearly  two  orders  of  magnitude 
greater  than  those  predicted  for  monofilaments.  Therefore,  filaments  in  a  tow  entrained  much 
thicker  liquid  layers  than  monofilaments  of  the  same  diameter.  There  were  significant  thickness 
variations  from  filament  to  filament,  but  usually  little  variation  in  composition  or  microstructure. 
Amorphous  AIPO4  layers  formed  from  phosphate  rich  precursors.  Coated-fiber  tensile  strengths 
were  from  25  to  >  50  percent  lower  than  those  of  the  as-received  fiber.  Tensile  strengths  were 
not  dependent  on  coating  thickness  and  did  not  depend  on  precursor  stoichiometry.  A  strong 
dependence  of  the  tensile  strength  on  the  precursor  used  suggests  great  sensitivity  to  the 
chemical  enviromnent  during  coating  [3, 21, 27]. 

4. 1.1. 2. 3  Effect  of  Process  Variables  on  Coated-Fiber  Tensile  Strength 

Monazite  made  from  diammonium- hydrogen  phosphate  and  lanthanum  nitrate  was  coated  on 
Nextel™  720  fibers.  The  coatings  were  phosphorus  rich  and  were  heat-treated  inrline  at  900  °  to 
1300  °C.  Some  experiments  were  repeated  with  alumina-doped  precursors.  Coated  fibers  were 
heat-treated  for  100  hours  at  1200  °C.  Coated-fiber  tensile  strength  was  lower  for  fibers  coated 
at  higher  deposition  temperatures.  Heat  treatments  for  100  homs  at  1200  °C  reduced  tensile 
strength  further.  Fibers  with  alumina-doped  coatings  had  higher  tensile  strengths  than  fibers 
with  undoped  coatings  after  heat  treatment  for  100  hours  at  1200  °C.  Alumina  added  as  a- 
alumina  particles  gave  higher  strengths  than  alumina  added  as  colloidal  boehmite.  Both  P-rich 
and  La-rich  monazite  coatings  enhanced  alumina  grain  growth  at  the  surface  of  NexteF'^  720. 
However,  there  was  no  correlation  between  grain  growth  and  coated-fiber  strength.  AIPO4  forms 
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rapidly  from  P-rich  monazite  but  does  not  degrade  fiber  strength,  and  may  slightly  improve  it. 

The  addition  of  alumina  to  a  slightly  phosphate-rich  monazite  coating  probably  promotes  the 
formation  of  AIPO4  within  the  coating  rather  than  at  the  coating- fiber  interface,  but  this  also  had 
no  obvious  effect  on  fiber  strength.  It  is  possible  that  lanthanum  magnetoplumbite  monolayers, 
of  sufficient  size  to  be  strength  limiting  flaws,  may  form  along  grain  boundaries  after  long-term 
heat  treatment  at  1200  °C.  If  this  is  true,  fiber  strength  should  scale  with  1A/  grain  size,  but  this 
was  not  observed.  Alumina  doping  retarded  monazite  grain  growth,  and  formed  rough  fiber¬ 
coating  interfaces  after  100  hour  heat  treatments  at  1200  °C.  Most  observations  and  analysis  are 
inconsistent  with  degradation  by  solid-state  reaction  between  coating  and  fiber.  The  beneficial 
effect  of  alumina  doping  is  tentatively  attributed  to  scavenging  surface  active  species.  However, 
fibers  with  alumina-doped  coatings,  made  with  an  in-line  heat  treatment  of  1300  °C,  displayed 
inferior  strengths;  this  fact  is  currently  unexplained  [48]. 

4. 7.  J.2.4  Monazite  Coating  without  Fiber  Strength  Degradation 

A  washed  and  xmwashed  rhabdophane  (LaP04.xH20)  sol  was  used  to  apply  monazite  coatings  on 
Nextel™  720  and  610  fibers.  The  colloidal  rhabdophane  sol  was  precipitated  from  lanthanum 
nitrate  and  phosphoric  acid.  The  sol  was  characterized  with  light  scattering  and  zeta-potential 
measurements.  The  rhabdophane  sol  was  washed  by  centrifugal  separation  of  the  particles  from 
nitric  acid  and  redispersed  in  deionized  water.  The  washing  process  minimizes  stress  corrosion 
from  gaseous  decomposition  products  at  high  temperature.  TGA  and  pH  measurements  showed 
that  the  washed  sol  had  a  higher  pH  and  lower  weight  loss  than  the  unwashed  sol.  The  as-coated 
fibers  were  tensile  tested  along  with  coated  fibers  heat  treated  in  air  at  1200  °C  for  100  hours. 
Coatings  with  the  washed  sol  did  not  degrade  fiber  strength  when  applied  at  or  below  1200  °C. 
The  lack  of  strength  degradation  correlated  with  the  low  precursor  weight  loss  of  the  washed  sol. 
This  will  allow  fibers  to  be  coated  multiple  times,  building  thicker  coatings  without  strength 
degradation.  Coatings  thicker  than  1  |xm  tended  to  crack  off,  probably  from  Coefficient  of 
Thermal  Expansion  (CTE)  mismatch.  Furthermore,  fibers  coated  with  the  washed  sol  and  heat 
treated  for  100  hours  at  1200  °C  were  stronger  than  uncoated  fibers  given  the  same  heat 
treatment.  A  comparison  of  coated  fiber  strength  to  coating  precursor  weight  loss  for  a  variety  of 
precursors  and  temperatures  shows  a  strong  correlation  between  low  precursor  weight  loss  and 
high  coated- fiber  strength.  Filament  strengths  were  also  retained  after  NexteF’^  610,  Tyranno™- 
SA,  Hi-Nicalon™,  Hi-Nicalon-S™  and  Sylramic™  fibers  were  coated  with  the  washed  monazite 
sol.  This  observation  and  others  are  consistent  with  a  strength  degradation  mechanism  of  stress 
corrosion  by  surface-active  decomposition  products  from  the  coating  precursor  [27, 43, 44, 46]. 

4. 1.1.3  Fugitive  Coatings 

Carbon  coatings  on  NexteF*^  550  and  720  fibers  were  studied  in  batch  (furnace)  and  continuous 
(solution  fiber  coating  apparatus)  modes,  and  in  an  inert  atmosphere.  Ashland  Aerocarb™  240 
pitch  in  toluene  was  used  as  the  precursor  material  for  the  carbon  coatings.  The  effect  of 
processing  variables  (ie.,  pitch  concentration,  Nextel™  fiber  sizing,  and  oxidative  curing)  was 
studied.  Characterization  was  done  by  tactile  evaluation,  SEM,  and  TGA/DTA.  Coating 
adherence,  thickness,  and  uniformity  were  investigated.  Applied  carbon  coatings  adhered  well 
onto  the  filaments;  however,  the  thickness  and  uniformity  of  the  carbon  coatings  were  poor, 
mainly  because  of  melting  and  wicking  of  the  pitch  inside  the  tow  prior  to  pyrolysis  [1].  Further 
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work  on  fugitive  carbon  coatings  (Section  4. 1.4.1)  was  completed  using  commercially  applied 
CVD  carbon  coatings  (Synterials,  Inc.). 

4. 1 . 1 .4  Porous  Coatings 

A  porous  oxide  may  be  a  functional  and  oxidative -resistant  interface,  as  the  inherent  weakness  of 
porous  materials  is  well  known.  Porous  oxide  coatings  can  be  made  from  homogeneous  carbon- 
oxide  mixtures.  The  carbon  is  a  fugitive  phase  that  holds  and  prevents  densification  of  the 
coating  during  matrix  processing  under  nonoxidizing  conditions.  After  matrix  processing,  the 
carbon  can  be  oxidized,  leaving  a  porous  oxide  fiber-matrix  interface.  A  problem  encoimtered  in 
making  homogeneous  carbon/oxide  mixtures  is  the  prevention  of  phase  segregation.  During  in¬ 
line  curing  of  the  coatings  on  fiber  tows,  the  interior  solvent  is  carried  to  the  fiber  surface  by 
capillary  forces.  When  the  coating  sol  contains  two  solutes,  e.g.,  a  carbon  and  an  oxide 
precursor,  the  solutes  may  be  carried  to  the  fiber  surface  at  different  rates  during  drying,  causing 
segregation.  In  this  work,  we  show  a  potential  solution  of  solving  the  segregation  problem  by 
bonding  the  carbon  and  oxide  precursors  via  electrosteric  interactions,  e.g.,  zircon/carbon,  or  by 
forming  a  complex  between  the  carbon  and  oxide  precursor,  e.g.,  carbon/rare  earth  oxides. 

4.1. 1.4.1  Porous  Zr02-Si02 

Zircon  (ZrSi04)  is  a  refractory  oxide  with  a  coefficient  of  thermal  expansion  of  4.3xlO’V°C  and 
density  of  4.7  g/cc.  Zircon  is  expected  to  resist  sintering  and  pore  coarsening  because  of  low 
diffusion  rates.  Except  for  hydrofluoric  acid,  it  is  chemically  resistant  to  organic  and  inorganic 
acids.  It  decomposes  to  silica  and  zirconia  at  ~1600  to  1700  °C.  In  the  presence  of  impurities 
that  react  with  silica,  such  as  water,  the  decomposition  temperature  is  lower.  Thermodynamic 
calculations  show  zircon  to  be  compatible  with  carbon  at  a  temperature  of  1527  °C.  It  is  stable 
with  alumina,  mullite,  silica,  and  SiC.  The  pore  coarsening  resistance,  corrosion  resistance, 
thermochemical  and  thermoelastic  compatibility  with  other  common  structural  ceramics  make 
zircon  an  attractive  candidate  for  a  porous  fiber-matrix  interface. 

Zircon  was  synthesized  by  hydrolysis  of  zirconyl  nitrate  hydrate  (ZN)  and  tetraethoxysilane 
(TEOS)  in  ethanol.  Zircon  was  also  made  by  hydrolysis  of  zirconium  ethoxide  (ZEOS)  and 
TEOS  in  ethanol.  Polyacrylic  acid  (PA)  was  added  as  the  carbon  precursor.  Ammonium 
vanadate  and  lithium  nitrate  were  added  to  decrease  the  zircon  formation  temperature.  Powders 
fi'om  these  precursors  were  characterized  by  x-ray  diffraction,  theimogravimetric  analysis  (TGA) 
and  DTA.  Zircon  did  not  form  when  the  zircon-carbon  precursors  composed  of  ZN,  TEOs, 
ammonium  vanadate,  and  PA  or  ZEOs,  TEOs,  and  PA  were  heat  treated  in  argon  at  temperatures 
of  1200  to  1400  °C.  Zircon  did  form  when  the  precursors  were  heat  treated  in  air  as  low  as  1000 
°C.  Ammonixim  vanadate  was  an  effective  mineralizer  when  the  heat  treatment  was  done  in  air, 
but  ineffective  in  argon.  Preheating  of  the  sol  precursor  in  air  at  300  to  400°  C  was  found  to 
enhance  zircon  formation.  The  relative  percent  of  zircon  formed  increased  as  the  preheat 
temperature  was  increased.  But  the  relative  percent  of  carbon  in  the  zircon-carbon  mixtures 
decreased  as  the  preheat  temperature  increased,  indicating  that  the  formation  of  zircon  in  an  inert 
atmosphere  is  hindered  by  carbon.  TEM  and  X-ray  analysis  of  coated  NexteF'^  720  fiber  show 
the  coatings  to  be  a  mixture  of  tetragonal  zirconia-silica  dispersed  in  carbon.  Preheating  of  the 
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coated  fibers  prior  to  curing  in  argon  at  temperatures  greater  than  1200  °C  enhanced  the 
formation  of  zircon-carbon  phases  [26, 32]. 

4. 1. 1.4.2  Porous  Rare-Earth  Aluminate  Fiber  Coatings 

Several  types  of  porous  rare-earth  aluminate  coatings  were  developed  and  examined  for  use  in 
oxide-oxide  composites.  Specifically,  porous  lanthanum  hexaluminate  (LaMnAliiOi9,  LAM) 
and  yttrium  aluminum  garnet  (Y3AI5O12,  YAG)  coatings  were  produced  using  citrate-based 
polymeric  solutions  that  yielded  the  oxide  plus  a  fugitive  carbon  phase.  The  intimate  mixing  of 
the  carbon  phase  with  the  oxide  allowed  for  homogenous,  fine-scale  porosity  to  be  formed. 

These  coatings  were  deposited  onto  NexteF"^  610  fiber;  the  coated  fiber  was  subsequently 
evaluated  through  tensile  testing  after  various  heat  treatments  and  after  incorporation  into 
minicomposites.  Test  results  indicated  that  the  LAM/C  coatings  degraded  the  fiber  tow  strength 
significantly  after  deposition.  Alternately,  the  as-deposited  YAG/C  coatings  had  little  effect  on 
fiber  tow  strength  and  only  a  slight  (~20  percent)  loss  in  strength  was  seen  after  heat  treatment  at 
1200  °C.  Both  porous  coatings  improved  the  strength  of  minicomposites,  as  compared  to  control 
samples  produced  with  uncoated  fiber.  The  loss  in  fiber  strength  fi-om  the  LAM/C  coatings, 
however,  precludes  its  use  in  composites  and  this  coating  type  was  not  examined  further.  The 
retention  of  tow  strength  and  high  minicomposite  strengths  found  with  the  porous  YAG  coatings 
demonstrated  that  this  coating  type  has  the  potential  to  provide  the  interfacial  crack  deflection 
needed  in  dense  matrix  ceramic  matrix  composites  [40,  60]. 

4.1. 1.5  Others 

Electrostatic  attraction  has  been  used  to  deposit  alumina  and  mullite  coatings  onto  woven  cloths 
of  Nicalon^'^  fiber.  This  approach  produced  uniformly  coated  cloths,  while  minimizing  the 
dependence  on  the  wetting  relationship  between  fiber  and  coating  precursor.  The  use  of  low  sol 
concentrations  (=1  g/L)  facilitated  the  removal  of  excess  sol  from  the  cloth.  Water  was  used  to 
further  displace  exeess  aqueous  sol  fi:om  the  cloth  to  give  minimal  fiber- fiber  bridging,  while 
maintaining  uniform  fiber  coatings.  The  use  of  a  polyelectrolyte  enabled  multiple  deposition  of 
coatings  onto  the  fibers  in  the  cloth.  Multiple  coating  steps  resulted  in  completely  coated  fiber 
surfaces;  coverage  was  limited  to  <50  percent  with  only  a  single  coating  step.  Vacuum 
infiltration  was  necessary  to  remove  entrapped  air  from  the  cloths  during  coating;  however,  a 
poor  coating  was  still  obtained  at  points  of  tow-tow  crossover.  The  time  required  to  outgas  the 
cloth  under  vacuum  suggests  that  a  significant  area  of  fiber  remained  in  contact  with  air,  rather 
than  with  the  precursor  liquid,  especially  during  coating  at  atmospheric  pressure  [6]. 

4.1.2  Experimental  Mechanics  and  Models 

4.1.2.1  Evaluation  Protocol:  Micro-CMCs  and  Mini-CMCs 

As  part  of  the  developmental  effort  on  oxidation-resistant  interphase  concepts,  it  was  necessary 
to  establish  a  protocol  to  evaluate  the  effectiveness  of  the  designs.  This  included  the  mechanical 
testing  and  fractography  of  individual  fibers,  fiber  tows,  microcomposites  and  minicomposites 
for  each  interphase  concept,  and  finally  testing  CMC  panels  on  the  most  promising  interphase 
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concepts.  With  fiber  testing,  the  measurement  of  the  actual  diameter  of  each  test  fiber  was  a 
bottleneck  and  ways  to  avoid  this  were  studied  with  some  promising  outcomes. 

4. 1.2. 1. 1  Fiber  Strength 

The  validity  of  using  an  average  diameter  (measured  on  a  sample  lot)  instead  of  the  actual  fiber 
diameter  for  each  tension  test,  was  evaluated.  Strengths  and  Weibull  moduli  for  alumina/yttrium 
aluminum  garnet  eutectic  (AYE)  filaments  and  for  Si-C-0  (Nicalon™)  filaments  were  calculated 
using  measured  and  average  filament  diameters.  The  strengths  agreed  closely.  Thus,  an  average 
filament  diameter  could  be  used  instead  of  the  measured  filament  diameter  in  calculating 
strengths.  The  Weibull  modulus  obtained  from  an  average  filament  diameter  approximates  the 
Weibull  modulus  obtained  using  the  measured  filament  diameter.  The  strength  obtained  using  an 
average  filament  diameter  for  a  set  of  specimens  is  in  good  agreement  with  the  strength  found 
using  measured  filament  diameters.  The  estimator  of  the  Weibull  modulus  derived  using  an 
average  filament  diameter  is  a  good  approximation  of  the  estimator  of  the  Weibull  modulus 
derived  from  measured  filament  diameters.  In  practice,  the  determination  of  an  average  diameter 
for  a  particular  type  of  filament  should  be  necessary  only  once,  provided  that  the  filaments  fi'om 
which  the  average  diameter  was  obtained  are  representative  of  all  filaments  from  the  same  lot. 
Verification  of  the  average  diameter  for  different  lots  would  be  prudent.  The  alumina/YAG 
eutectic  (AYE)  filaments  are  an  example  of  filameits  that  can  vary  significantly  in  diameter  with 
different  processing  conditions.  However,  for  most  commercially  available  filaments,  occasional 
confirmation  should  be  sufficient.  This  work  concluded  that  proper  use  of  an  average  filament 
diameter  is  a  valid  procedure  that  will  greatly  facilitate  determining  the  tensile  strengths  and 
Weibull  moduli  of  filaments  in  an  efficient  maimer  [7]. 

Subsequent  simulations  reported  in  the  literature  had  claimed  errors  from  such  methods.  To 
determine  its  validity,  the  possible  errors  in  the  above  conclusion  from  insufficient  sampling  size 
were  examined.  The  errors  in  the  use  of  average  fiber  diameter  in  calculating  the  mean  strength 
(<Jm),  Weibull  reference  strength  (Oo),  and  Weibull  modulus  (m)  from  failure  loads  of  fibers  were 
examined  experimentally  using  sample  sizes  greater  than  the  recommended  value  of  30.  While 
the  use  of  an  average  diameter  gave  very  good  estimates  of  the  mean  strength,  the  Weibull 
parameters  (Oo,  m)  were  in  significant  error,  supporting  the  simulation  results.  Computational 
approaches  to  reduce  these  errors  were  considered  and  a  numerical  procedure  to  extract  the 
Weibull  parameters  from  the  means  and  standard  deviations  of  the  load  and  fiber  diameter  was 
found  to  be  feasible  provided  the  sample  size  was  large.  Parametric  studies  showed  that,  to 
obtain  results  within  10  percent  error,  sample  sizes  of  ~  175  are  required.  The  recommended 
sample  size  for  commercial  fibers  ranges  from  75  to  200  depending  on  the  scatter  in  the  fiber 
diameter  and  the  acceptable  error  [52]. 

4.1.2.1.2Micro-CMCs 

Oxide/oxide  microcomposites  were  fabricated  and  tested  to  evaluate  the  effectiveness  of 
monazite  (LaP04)  and  hibonite  (CaAli20i9 )  as  interlayers  in  sapphire-reinforced  alumina  matrix 
composites.  For  interlayer  thicknesses  of  0.3  to  0.5  pm,  both  interlayers  showed  evidence  of 
crack  deflection;  however,  debond  lengths  in  hibonite-coated  specimens  were  limited  to  just  a 
small  fraction  of  the  fiber  diameter.  Monazite-coated  specimens  showed  multiple  matrix  cracks 
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and  extensive  debonding  at  the  coating/matrix  interface.  Composite  strengths  were  relatively 
high  for  both  coatings,  considering  the  fiber  strength  degradation  during  processing;  the 
strengths  were  greater  than  the  calculated  matrix  cracking  stresses.  However,  the  mean  strengths 
were  not  significantly  different  from  that  of  the  control  specimens,  although  coated  composites 
had  higher  Weibull  moduli.  The  lack  of  difference  in  strength  is  attributed  to  the  porosity  in  the 
matrix.  The  results  imply  that  the  matrix  density  needs  to  be  above  85  percent  to  evaluate  novel 
interface  strategies  reliably  [31]. 

4.1.2.13  Mini-CMCs 

A  procedure  was  developed  to  fabricate  oxide- fiber-reinforced  minicomposites  with  a  dense 
matrix  and  evaluate  oxidation-resistant  interface  coatings.  Porous  oxide  (zirconia- silica  mixture) 
and  monazite  coatings  were  evaluated  using  Nextel  720™  fiber-reinforced  Blackglas  matrix 
minicomposites.  BN-coated  and  uncoated  fibers  were  used  as  controls  for  comparison.  The 
evaluation  was  based  on  ultimate  failure  strengths,  fractography,  and  fiber  push- in  tests.  All  of 
the  composites  that  used  fiber  coatings  had  ultimate  strengths  significantly  better  than  the  control 
that  used  uncoated  fibers.  In  addition,  porous -oxide-coated  fibers  were  foimd  to  be  similar  to 
BN-coated  fibers  in  strength,  fractography  and  fiber  push- in  behavior.  Monazite  coated  fibers 
resulted  in  similar  ultimate  strengths,  but  showed  no  appreciable  fiber  pullout.  Fiber  push-in 
tests  showed  that  monazite  debonds  readily,  but  the  firictional  resistance  is  higher  than  BN  or 
porous  oxide  [55]. 

The  effectiveness  of  monazite  coatings  in  dense  matrix  composites  was  evaluated  by 
incorporating  monazite-coated  NexteF'*’  720  into  three  model  matrices.  Two  glasses,  SiOa- 
AbOs-CaO-MgO  (1723  glass.  Coming,  Inc.)  and  KaO-BaOs-SiOa  (BCBS,  Coming,  Inc.)  were 
chosen  as  model  matrices;  however,  it  was  found  that  these  materials  wet  the  monazite  grain 
boimdaries  and  the  monazite/fiber  interface,  which  precludes  their  use  with  monazite  coatings. 
Dense  SiOxCy  (Blackglas,  Allied- Signal)  was  chosen  as  the  third  model  material  and 
minicomposites  produced  with  the  monazite-coated  NexteF^  720  displayed  improved  tensile 
properties  over  control  samples  containing  uncoated  fiber.  Although  the  strength  was  improved, 
little  fiber  pull-out  was  seen  on  the  fracture  surface.  Additionally,  the  overall  strength  was 
significantly  lower  than  predicted  from  fiber  tow  strength  values.  Subsequent  push- in  testing 
revealed  that  the  monazite  did  debond  readily,  indicating  that  the  lack  of  fiber  pull-out  and  the 
low  strength  were  most  likely  caused  by  fiber  degradation  during  processing.  This  work 
demonstrated  that  monazite  can  provide  a  weak  interface  in  a  dense  matrix  CMC  [33]. 

4.1.2.1.4  CMC  Panels 

Fiber  coatings  are  essential  in  dense  matrix  composites,  where  a  crack-deflecting  mechanism  is 
needed  in  the  interfacial  region;  in  porous  matrix  CMCs,  the  matrix  itself  generally  enables  the 
crack  deflection.  There  are  certain  cases  in  which  monazite  coatings  could  be  beneficial  in 
porous  matrix  composites  by  either  increasing  the  temperature  capability  of  the  material  through 
prevention  of  fiber/matrix  interaction  or  by  protecting  the  fiber  fi'om  environmental  attack.  To 
demonstrate  this  fact,  monazite-coated  Nextel™  610, 650  and  720  fibers  were  incorporated  into 
porous  alumina  matrices,  and  the  resultant  samples  were  tensile  tested  after  various  heat 
treatments.  The  results  of  this  work  indicate  that  monazite  coatings  do  extend  the  lives  of 
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NexteF“-based  composites  at  1200  °C  for  short  time  periods  (5  hours).  NexteF“ 
610/monazite/alumina  composites  displayed  good  strengths  after  long-term  exposure  (100  hours) 
at  1200  °C,  compared  to  control  samples,  which  displayed  poor  strength  after  only  5  hours  at 
1200  °C.  Examination  of  the  fi'acture  surfaces  revealed  that  debonding  occurred  either  at  the 
fiber/coating  interface,  at  the  coating/matrix  interface,  or  within  the  coating.  The  Nextel™  650- 
based  composites  did  not  fare  as  well  after  the  long-term  exposure,  due  presumably  to  fiber 
strength  degradation.  Further  work  is  needed  to  determine  the  cause  and  ideally  eliminate  this 
degradation.  NexteF'^  720-based  composites  displayed  similar  strengths  either  with  or  without 
the  monazite  coating.  For  these  samples,  therefore,  no  coatings  may  be  needed.  Optimization  of 
the  monazite  coatings  (thickness,  porosity,  etc.)  is  needed  to  further  enhance  and  control  the 
properties  of  oxide-oxide,  Nextel™  610  and  650-based  composites  [53]. 

4. 1 .2.2  Tests  and  Models  to  Understand/Evaluate  Interface  Behavior 

Modeling  efforts  focused  on  developing  an  understanding  of  the  interface  behavior.  Crack 
deflection  at  the  fiber- matrix  interface  was  revisited  to  examine  the  He-Hutchinson  criterion  for 
the  more  realistic  case  of  an  axisymmetric  fiber- matrix  system.  Modeling  of  relative  fiber- 
matrix  sliding  was  focused  on  including  the  interface  roughness  effects  dvuing  progressive 
debonding  and  its  relevance  to  oxide-oxide  developmental  composites.  Further,  the  effect  of  the 
thermoelastic  properties  of  the  coating  on  the  fiber- matrix  interface  behavior  was  modeled  and 
simple  design  curves  were  generated.  Finally,  the  ability  to  predict  composite  ultimate  strength 
was  explored. 

4. 1.2. 2.1  Crack  Deflection 

Deflection  of  a  matrix  crack  at  the  fiber/matrix  interface  is  the  initial  mechanism  required  for 
obtaining  enhanced  toughness  in  CMCs.  In  this  work,  energy  release  rates  were  calculated  for 
matrix  cracks  that  either  deflect  or  penetrate  at  the  interface  of  an  axisymmetric  composite  as  a 
function  of  elastic  mismatch,  fiber  volume  fraction,  and  length  of  the  deflected  or  penetrated 
crack.  The  energy  release  rates  for  the  competing  firacture  modes  were  calculated  numerically  by 
means  of  the  axisymmetric  damage  model  developed  by  Pagano,  which  utilizes  Reissner's 
variational  principle  and  an  assumed  stress  field  to  solve  the  appropriate  boundary  value 
problems.  Crack  deflection  versus  penetration  was  predicted  by  using  an  energy  criterion 
analogous  to  that  developed  by  He  and  Hutchinson.  Results  showed  that,  for  equal  crack 
extensions  in  deflection  and  penetration,  crack  deflection  is  more  difficult  for  finite  crack 
extension  and  finite  fiber  volume  firaction  than  in  the  He  and  Hutchinson  limit  of  zero  volume 
fraction  and/or  infinitesimal  crack  extension.  Allowing  for  different  crack  extensions  for  the 
deflected  and  penetrating  cracks  was  shown  to  have  a  small  effect  at  larger  volume  fractions. 
Fracture- mode  data  on  model  composites  with  well-established  constitutive  properties  show 
penetration  into  the  fibers  (brittle  behavior),  as  predicted  by  the  present  criteria  for  crack 
extensions  larger  than  0.2  percent  of  the  fiber  radius  and  in  contrast  to  the  He  and  Hutchinson 
criterion,  which  predicts  crack  deflection.  This  result  suggests  that  the  latter  criterion  may  over¬ 
estimate  the  prospects  for  crack  deflection  in  composites  with  realistic  fiber  volume  fractions  and 
high  ratios  of  fiber  to  matrix  elastic  modulus  [16]. 
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4. 1.2. 2.2  Progressive  Debonding  with  Roughness 

Potential  effects  of  interfacial  roughness  in  ceramic  composites  were  studied  using  a  model  that 
includes  the  progressively  increasing  contribution  of  roughness  with  relative  fiber/matrix 
displacement  during  debonding  of  the  fiber/matrix  interface.  A  parametric  approach  was  used  to 
study  interfacial  roughness  in  conjunction  with  other  parameters  such  as  strength,  radius,  and 
volume  fraction  of  the  fiber.  The  progressive  roughness  contribution  during  initial  fiber/matrix 
sliding  causes  a  high  effective  coefficient  of  friction  as  well  as  an  increasing  clamping  stress, 
which  leads  to  rapidly  changing  fiiction  with  increasing  debond  length.  Calculated  effects  imply 
potentially  significant  contributions  to  the  behavior  of  real  composite  systems  and  the  necessity 
for  explicit  consideration  in  the  interpretation  of  experimental  data  in  order  to  correctly 
understand  composite  behavior.  In  a  tension  test,  the  Poisson's  contraction  of  the  fiber  may 
negate  the  effects  of  roughness,  allowing  an  effective  constant  shear  stress  approximation.  This 
was  evaluated  using  a  piece- wise  linear  approximation  to  the  progressive  roughness  model  in  the 
analysis  of  Curtin  for  composite  stress-strain  behavior;  for  the  Nicalon™/SiC  system,  the 
effective  p,  was  found  to  be  lower  than  the  values  that  would  be  obtained  from  fiber  push-out 
tests  and/or  matrix  crack  spacings  [10].  The  model  was  successfully  used  to  extract  interface 
parameters  from  fiber  push-out  test  data  obtained  on  treated  and  imtreated  Nicalon™ -reinforced 
SiC  composites  [17]. 

4. 1.2. 2. 3  Fiber  Coating  Thermoelastic  Effects 

A  method  to  incorporate  the  thermoelastic  effects  of  fiber  coatings  into  models  of  fiber/matrix 
composites  was  determined.  The  coated  fiber  is  replaced  by  an  effective  transversely  isotropic 
fiber  such  that  the  properties  of  this  effective  fiber  can  be  used  in  composite  models.  This 
approach  was  used  to  determine  the  magnitude  of  errors  resulting  from  neglect  of  the  coatings  in 
modeling  fiber/matrix  debonding  and  sliding  and  in  the  reduction  of  data  from  real  composites. 
The  effects  of  carbon  and  boron  nitride  coatings  in  the  Nicalon™/SiC  system  were  found  to  be 
significant.  It  was  found  that  major  errors  can  be  expected  from  fitting  models  to  experimental 
data  if  the  compliance  and  CTE  of  the  coatings  are  ignored,  even  when  the  coatings  are  thin. 
Wide  use  of  the  approach  requires  revision  of  composite  models  to  allow  inclusion  of  a 
transversely  isotropic  fiber.  Such  a  revision  was  derived  for  a  popular  model  for  matrix  cracking 
stress  and  again,  significant  effects  were  found  to  result  from  neglect  of  coatings  [29]. 

4. 1. 2.2.4  Interface  Debond  Crack  and  UTS  of  CMC 

The  ultimate  tensile  strengths  of  a  unidirectional  glass- matrix  composite  were  measured  as  a 
function  of  fiber  volume  fraction.  The  results  were  compared  with  predictions,  using  a  refined 
solution  of  the  stress  field  generated  by  an  axisjmmetric  damage  model,  which  incorporated  the 
effect  of  stress  concentration  in  the  fiber  caused  by  the  presence  of  a  matrix  crack  both  before 
and  after  deflection  at  the  fiber/matrix  interface.  Two  possible  locations  for  the  fiber  failure  were 
considered:  (1)  at  a  transverse  matrix  crack,  near  a  bonded  fiber/coating  interface,  and  (2)  at  the 
tip  of  a  debond  crack,  at  the  fiber/coating  interface.  At  low  fiber  volume  fractions,  the  measured 
ultimate  tensile  strength  matched  the  calculated  prediction,  assuming  no  crack  deflection.  For 
higher  volume  fractions,  the  calculated  predictions  for  a  debonded  crack  matched  the  observed 
values.  The  model  results  were  relatively  insensitive  to  debond  length  and  interfacial  shear  stress 
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for  the  range  of  values  in  this  study.  In  comparison,  the  global  load-sharing  model,  which  does 
not  account  for  the  stress  singularity  at  the  fiber/matrix  interface,  was  foimd  to  overpredict  the 
values  of  the  ultimate  tensile  strength  for  all  fiber  volume  fractions.  An  important  contribution  of 
the  present  work  was  to  introduce  the  use  of  fiber  volume  fraction  as  a  parameter  for  testing 
theoretical  predictions  of  the  mode  of  fiber  failure  [50]. 

4.1.3  Identify  and  Evaluate  New  System 

4.1.3. 1  Single-Crystal  Yttrium  Aluminum  Garnet  (YAGl 

The  fracture  toughness  of  single-crystal  YAG  was  measured  as  a  fiinction  of  temperature  in  air 
and  under  vacuum  using  the  Single  Edged  Notched  Beam  (SENB)  technique  up  to  1600  °C.  The 
measured  Kjc  was  2.2  MPa-m*^'  at  room  temperature,  and  it  increased  with  temperature  above 
1200  °C,  reaching  a  value  of  4.5  MPa-nl^^  at  1600  °C  in  air.  The  effects  of  crystallographic 
orientation  and  oxygen  partial  pressure  on  toughness  were  studied  at  1600  °C.  The  toughness 
increased  further  to  5.5  MPa-m^^  when  tested  under  vacuum  (10'^  torr)  at  1600  °C.  Both 
temperature  and  testing  environments  were  found  to  influence  the  fracture  toughness,  but  there 
was  no  significant  effect  of  crystallographic  orientation  [9]. 

4. 1 .3.2  Alumina- YAG  Eutectic  Polycrystal 

Dense  polycrystalline  eutectics  of  alumina  and  YAG  were  fabricated  by  hot  pressing  powders  of 
pulverized  arc- melted  buttons  at  homologous  temperatures  of  0.9  to  0.93Teu  (where  Teu  is  the 
eutectic  temperature).  The  eutectic  microstructure  of  arc-melted  buttons  was  retained  after 
densification,  although  the  grain  boundaries  were  decorated  with  equiaxed  grains  of  alumina  and 
YAG,  ~1  to  5  pm  in  size;  possible  causes  for  their  formation  have  been  discussed  in  the  cited 
reference.  A  comparison  of  the  measured  strength  of  the  polycrystalline  eutectic  (274±61  MPa) 
with  grain  size  and  fracture  toughness  suggests  that  the  strength-limiting  flaws  were  significantly 
smaller  than  the  mean  grain  size  and  larger  than  the  mean  eutectic  spacing  [45]. 

4.1.4  Ceramic  Composite  Processing 

After  developing  the  various  interface  control  methods  studied  under  this  contract,  the  challenge 
then  became  incorporating  the  coatings  into  ceramic  matrix  composites.  Differing  composite 
processing  techniques  were  employed  depending  upon  the  constituent  materials  and  the  desired 
density  of  the  final  product.  Hot  pressing  and  pressure  infiltration/pressureless  sintering  were 
used  for  the  evaluation  of  fugitive  carbon  coatings  in  dense  (glass)  and  porous  (mullite-alumina) 
matrix  composites,  respectively.  For  composites  containing  oxide  coatings,  gel  casting  and 
reaction  bonding  were  utilized  independently  and  in  combination  in  an  attempt  to  achieve  a 
dense  (>90  percent)  alumina  matrix  reinforced  with  monazite-coated  fiber.  Vacuum 
bagging/pressureless  sintering  was  used  to  fabricate  porous  matrix  alumina  samples  containing 
an  in  situ  YAG  coating.  The  effectiveness  of  the  various  coatings  will  be  discussed  in  the 
following  sections. 
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4.1.4.1  CMCs  with  Fugitive  Coatings 


Fugitive  carbon  coatings  were  shown  to  be  useful  in  hot-pressed,  dense  (>90  percent)  matrix 
composites.  Nextel™  720/”C”/CAS  composites  retained  ~80  percent  of  their  as-processed 
strength  after  long-term  heat  treatment  in  air  at  1000  °C  for  500  hours.  The  coating  thickness 
appeared  to  affect  the  composite  properties,  with  the  slightly  thicker  coating  producing  better 
results  in  unidirectional  composites,  while  the  thinner  coating  was  more  advartageous  in  the 
±45°  samples.  For  a  given  system,  the  coating  thickness  will  have  to  be  optimized  with  respect 
to  off-axis  properties  and  high  temperature  behavior.  The  overall  strengths  of  the  dense  matrix 
composites  in  this  work  were  significantly  lower  ftian  anticipated,  due  to  fiber  strength  loss 
during  carbon  coating  and  presumably  to  chemical  interaction  between  the  fiber  and  matrix  at 
regions  where  the  coating  was  discontinuous.  This  is  supported  by  the  continuing  strength  loss 
in  the  samples  containing  uncoated  Nextel™  720.  To  avoid  this  problem,  carbon  coatings  with 
complete  fiber  coverage  should  be  used,  along  with  a  more  compatible  matrix  for  the  NexteF^ 
720  fibers. 

Porous  matrix  composites  (NexteF'*’  720/mullite-alumina)  were  fabricated  using  pressure 
infiltration/pressureless  sintering  and  it  was  shown  that  the  composite  strength,  after  long-term 
exposure  at  elevated  temperatures  (1150  °C),  was  not  dependent  upon  the  state  of  the  interface. 
This  agrees  with  the  existing  views  concerning  these  materials.  Coatings  may  be  beneficial  in 
porous  matrix  composites  for  exposures  at  higher  temperatures  or  for  reactive  fiber/matrix 
porous  matrix  composites  for  exposures  at  higher  temperatures  or  for  reactive  fiber/matrix 
combinations  [51].  This  will  be  system  specific,  as  shown  by  the  beneficial  effect  of  monazite  in 
porous  matrix  NexteF"^  610/alumina  composites  [53]. 

4. 1 .4.2  CMCs  with  Oxide  Coatings 

Gel  casting  (GC)  and  reaction  bonding  (RB)  were  evaluated  both  independently  and  in 
combination  for  the  production  of  dense  alumina  matrix  minicomposites.  Gel-cast  alumina 
minicomposites  displayed  many  radial  cracks  after  sintering,  giving  a  high  (>25  percent)  overall 
porosity;  however,  areas  between  the  cracks  appeared  relatively  dense  (>90  percent). 
Minicomposites  produced  with  monazite-coated  NexteF"^  610  fiber  displayed  improved 
strengths  and  fiber  pull-out  over  samples  containing  imcoated  fiber.  Most  importantly,  the 
monazite  coating  appeared  to  be  deformed  during  pull-out,  which  supports  work  of  other 
researchers  on  push-out  specimens.  Reaction-bonding  studies  were  initiated  using  two 
compositions:  (1)  aluminum,  titanium,  alumina,  and  zirconia,  or  (2)  T^Al,  alumina  and  zirconia. 
Both  yielded  reasonable  monolith  samples;  however,  the  particle  size  of  the  TfeAl  was  easier  to 
reduce.  Therefore,  the  latter  composition  was  used  along  with  gel-casting  agents  to  produce 
minicomposites  using  uncoated  NexteF“  610  fiber.  Oxidation,  sintering,  and  subsequent 
examination  of  the  minicomposites  revealed  little  radial  cracking,  along  with  a  possible  reaction 
between  the  fiber  and  matrix;  a  fiber  coating  is  likely  needed  for  protection.  Aside  from  this 
result,  the  combined  GCRB  process  appears  to  produce  desirable  minicomposites;  further  work 
is  needed  to  optimize  this  process  [37]. 

Yttrium  aluminum  garnet  (YAG,  Y3AI5O12)  was  synthesized  using  a  polymeric  precursor  derived 
from  a  mixed- metal  citric  acid/ethylene  glycol/ethanol  solution.  YAG  was  found  to  crystallize 
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directly  from  an  amorphous  precursor  beginning  at  temperatures  as  low  as  600  °C  within  1  hour 
in  air.  The  polymer  resin  concentration  was  found  to  have  an  effect  on  the  temperature  of 
crystallization  initiation.  However,  all  precursors  produced  a  well- crystallized  YAG  powder 
within  1  hour  at  800  °C  in  air.  Formation  of  phase-pure  YAG  in  an  argon  atmosphere  did  not 
occur  until  heating  for  1  hour  at  1000  °C.  An  optimum  cation-to-resin  ratio  to  maximize 
reactivity  provides  a  polymeric  network  to  ensure  a  homogeneous  dispersion  of  cations,  yet 
minimizes  cation  diffosion  distances  within  the  char  by  limiting  excess  free  carbon  after  polymer 
pyrolysis  [47].  This  solution-derived  YAG  was  used  in  forming  a  two-phase  matrix  consisting 
of  alumina  particles  bonded  with  the  YAG;  this  matrix  was  reinforced  withNexteF"^  610  cloth  or 
NexteF'^  650  tows.  The  use  of  the  solution-derived  YAG  as  a  second  phase  in  the  matrix  was 
intended  to  provide  an  in  situ  fiber  coating  as  well.  However,  due  to  the  small  amount  of  YAG 
allowed  in  the  matrix  during  composite  processing,  YAG  was  not  homogeneously  distributed 
throughout  the  matrix  and  filled  only  a  small  fraction  of  the  porosity.  Segregation  of  )^um  was 
observed  at  all  alumina  grain  boundaries  in  the  matrix.  The  stress- strain  behavior  of  the 
composites  was  compared  to  that  of  composites  that  did  not  contain  the  YAG  second  phase.  In 
all  cases,  the  YAG-containing  composites  gave  higher  ultimate  stresses  and  greater  strains  to 
failure  than  the  all-aliunina  composites  when  processed  at  1200  °C.  The  composite  strength  of 
the  alumina- YAG  matrix  composites  was  likely  increased  by  minimizing  either  fiber  degradation 
or  matrix  densification.  NexteF*^  650  fiber-reinforced  composites  heat  treated  at  1200  °C  for 
100  hours  had  the  same  reduced  strength,  due  to  severe  fiber  degradation  [60]. 

4.1.5  Structure -Property  Understanding 

4. 1.5.1  Characterization  and  Experimental  Techniques 

In-depth  characterization  of  materials  is  necessary  for  understanding  structure-property 
relationships  and  designing  of  materials  with  improved  properties  and  performance 
characteristics.  This  is  particularly  true  for  ceramic  composites,  whose  properties  may  often 
depend  strongly  on  subtle  changes  in  the  properties  of  their  components,  i.e.,  the  fibers  or  fiber- 
matrix  interfaces.  Transmission  electron  microscopy  (TEM)  is  a  powerful  and  often 
irreplaceable  tool  to  study  such  phenomena.  However,  technical  difficulties  in  preparing  thin 
foils  of  ceramic  composites,  in  particular  those  utilizing  the  weak  interface  concept,  and  coated 
ceramic  fibers  often  hinder  the  application  of  TEM  in  composite  research.  To  overcome  this 
obstacle,  a  new  method  of  preparing  TEM  specimens  of  coated  ceramic  fibers  was  developed 
that  produces  large  areas  containing  many  electron  transparent  fibers,  due  to  the  minimal 
preferential  milling  of  the  epoxy  matrix.  In  this  method,  multiple  individual  fibers  or  tows  are 
impregnated  with  a  high-temperature  epoxy  and  constrained  to  assure  a  high  fiber-to-epoxy 
volume  ratio.  The  samples  are  then  sectioned  and  mechanically  thinned  either  parallel  or  normal 
to  the  fiber  axes  using  a  wedge  polisher  on  diamond  lapping  films  to  achieve  a  thickness  of  less 
than  5  pm.  The  thinned  sample  is  then  ion  milled  to  electron  transparency  in  less  than  30 
minutes,  giving  representative  specimens  of  the  coatings,  fiber,  and  coating- fiber  interface.  This 
technique  is  also  well  suited  to  preparing  extremely  flat  specimens  for  both  light  microscopy  and 
SEM  analysis  of  the  coatings  [2,  5]. 
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4. 1.5.2  Long-Term  Effects  and  Environmental  Stability 


Ceramic  composites  are  generally  materials  for  applications  at  high  temperatures  and/or 
aggressive  environments.  In  addition,  their  fabrication  usually  involves  high-temperature 
processing.  Criteria  important  for  the  use  of  a  material  in  ceramic  composites  include,  chemical 
compatibility  with  other  materials  and  thermal  and  environmental  stability.  Therefore,  the 
effects  of  both  the  processing  and  the  long-term  exposure  to  the  environment  during  service  on 
the  properties  of  ceramic  composites  and  their  components  (fiber,  interphase  coatings,  and 
matrices),  and  possible  interactions  between  thereof,  have  been  the  focus  of  extensive  research. 

The  effects  of  thermal  exposure  on  the  strengths  of  NexteP  550  and  720  tows,  bare  and  coated 
with  carbon,  were  determined  by  room- temperature  tensile  testing.  Single  filaments  were 
extracted  for  testing  from  tows  that  had  been  exposed  to  different  thermal  environments  (i.e.,  air 
or  vacuum)  at  temperatures  from  550  °  to  1400  °C.  It  was  found  that  uncoated  NexteF”^  550 
filaments  retained  75  percent  of  their  as-received  room  temperature  strength  after  thermal 
exposure  at  1200  °C  for  2  hours  in  air.  CVD  carbon  coated  NexteF“  550  filaments  retained  75 
percent  of  their  strength  after  thermal  exposure  at  1000  °C  for  2  hours  in  vacuum.  Nextel™  550 
filaments  exhibited  a  higher  room  temperature  tensile  strength  after  thermal  exposure  in  air  than 
under  vacuum.  Strength  after  a  thermal  exposure  at  1050  °C  was  not  affected  by  the  presence  of 
the  carbon  coatings.  Strength  after  thermal  exposure  under  vacuum  at  1050  °  and  1 150  °C  did 
not  deteriorate  as  rapidly  as  after  thermal  exposure  under  vacuum  between  950  °  and  1050  °C  or 
between  1150  and  1250  °C.  Nextel™  720  filaments  maintained  75  percent  of  their  as-received 
room  temperature  strength  when  thermally  exposed  at  1300  °C  for  2  hours  in  air.  They  exhibited 
a  higher  room  temperature  tensile  strength  after  thermal  exposiue  in  air  than  after  being 
thermally  exposed  under  vacuum.  Strength  was  not  influenced  by  the  presence  of  the  carbon 
coatings  after  a  thermal  exposure  of  1050  °C.  Strength  loss  between  1200  and  1300  °C  (air 
thermal  exposure)  was  not  as  great  as  between  1100  and  1200  °C  or  between  1300  and  1400  °C. 
The  results  of  this  study  helped  define  the  allowable  composite  processing  conditions  when 
using  these  tows.  It  was  found  that  composite  processing  for  a  short  period  of  time  (2  hours)  at 
1 100  and  1300°C,  while  maintaining  >  70  percent  of  the  as-received  strength,  is  possible  for 
NexteF"^  550  and  720  filaments,  respectively  [28]. 

Furthermore,  grain  growth  and  its  effect  on  the  tensile  strength  of  NexteF"^  720  after  thermal 
exposure  from  1000  to  1500  °C  for  20  minutes  to  300  hours  was  investigated.  Alumina  grain 
growth  in  NexteF'^  720  fibers  was  observed  at  temperatures  above  1250  °C.  Grain  size 
distributions  were  log-normal,  but  exhibited  slight  bimodality  at  higher  temperatures  and  longer 
times  from  intragranular  alumina  grains  in  the  mullite.  Above  1300  to  1350  °C,  alumina  grains 
grew  with  an  activation  energy  of  ~380  kJ/mol  and  a  growth  exponent,  n,  of  2-3.  For  a 
particular  heat-treatment  temperature,  fiber  tensile  strengths  decreased  with  (grain  size)~"^^^  with 
time  as  typically  observed  for  ceramics.  However,  there  was  also  a  strength  decrease  with  heat- 
treatment  temperature  that  was  unrelated  to  alumina  grain  size.  Below  1250  to  1300  °C,  the 
strength  decrease  with  time  at  temperature  was  not  associated  with  grain  growth  and  was  inferred 
to  be  related  to  stress  corrosion  and/or  boundary  grooving.  Slight  strength  increases  observed 
between  1250  and  1350  °C  may  be  due  to  flaw  healing  [23]. 
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Oxidation  resistance  is  another  environmental  factor  that  is  of  key  importance  in  the 
development  of  ceramic  composites,  particularly  those  incorporating  nonoxide  components,  i.e., 
SiC -based  ceramics.  The  oxidation  behavior  of  SiC -reinforced  CMCs  was  modeled  by  UES 
personnel,  assisted  by  external  collaboration  [25].  With  regard  to  fibers,  the  environmental 
stability  of  uncoated  and  BN-coated  Nicalon™  fiber  was  investigated  by  studying  the  effect  of 
annealing  in  air  at  1000  °C  (2  hours)  on  the  strength  of  the  fibers.  The  results  imply  that  both 
uncoated  and  BN-coated  fibers  degrade  in  strength,  with  the  BN-coated  fiber  suffering  a  higher 
strength  loss.  The  degradation  is  significantly  enhanced  if  the  fibers  are  exposed  to  salt  (NaCl) 
water  prior  to  the  air  anneal  and  if  the  concentration  of  salt  is  more  than  0.5wt%.  The  BN-coated 
Nicalon™  fibers  were  also  studied  at  800  and  900  °C.  The  degradation  in  strength  due  to  salt 
water  exposure  was  found  to  be  greater  at  800  °C  than  at  900  °C  or  1000  °C  [18].  A 
developmental  amorphous  SiBCN  fiber  was  also  investigated  to  evaluate  its  oxidation  behavior. 
Fibers  were  heat  treated  in  stagnant  laboratory  air  at  temperatures  of  1300°-1500°C  for  1  or  2 
hours.  It  was  found  that  the  oxidized  SiBCN  fibers  contained  three  distinct  concentric  layers, 
each  increasing  in  oxygen  concentration  fi’om  the  core  to  the  outer  surface.  The  unreacted  fiber 
core  retained  its  amorphous  nature.  The  first  oxidation  layer,  next  to  the  core,  consisted  of  a 
mixture  of  amorphous  SiBCNO  and  turbostratic  BN,  which  evolved  into  a  more  oxygen-rich 
glass  with  hexagonal  and  turbostratic  BN  grains  dispersed  throughout  nearer  the  surface.  The 
second  layer  consisted  of  essentially  pure  silica  glass  with  no  detectable  B,  C,  or  N  present.  The 
outermost  layer  in  the  fiber  oxidized  at  1500  °C  had  devitrified  to  cristobalite.  The  fiber  suffered 
significant  strength  degradation  after  oxidation  [54].  More  recent  work  has  suggested  that 
oxidation  of  SiC  could  be  inhibited  by  the  presence  of  monazite  on  the  fiber  surface.  The  effect 
is  significant  even  when  the  coating  is  not  continuous,  implying  a  chemical  effect  [34]. 

Monazite  is  considered  one  of  the  oxide-based  alternatives  to  carbon  and  boron  nitride  fiber 
coatings  to  improve  high-temperature  environmental  stability  of  ceramic  composites.  A  major 
obstacle  to  the  application  of  monazite  in  oxide-oxide  CMCs,  however,  was  fiber  degradation 
during  the  fiber  coating  process.  The  effect  of  monazite  coating  deposition  temperature  on 
Nextel™  720  fibers  was  studied  from  900  to  1300  °C.  The  effects  of  long-term  heat  exposure 
were  evaluated  on  fibers  coated  at  900  °C  that  were  subsequently  heat  treated  at  1200  °C  for  up 
to  100  hours.  Coated  fibers  were  characterized  by  analytical  TEM,  and  tensile  strengths  were 
measured  by  single- filament  tensile  tests.  The  monazite  precursor  was  characterized  by  X-ray 
diffraction,  DTA/TGA,  and  mass  spectroscopy.  Microstructure  evolution  was  complex  and  may 
have  involved  recrystallization  of  large  defective  grains  into  smaller  grains,  with  subsequent 
growth  of  these  grains,  along  with  coarsening  of  the  porosity.  After  100  hours  at  1200  °C,  there 
was  significant  roughening  of  the  coating- fiber  interface,  with  faceting  of  alumina  grains  in  the 
fiber  and  some  lanthanum  segregation  to  these  faceted  boundaries.  Spheroidization  of  thin 
coatings  was  also  observed.  It  was  found  that  the  tensile  strength  of  coated  fibers  decreased  with 
increasing  deposition  temperature  and  with  time  at  temperature  after  deposition.  The  results 
suggested  an  environmental  cause  for  the  fiber  strength  decrease  [35]. 

Al-Y-0  compounds  have  received  attention  as  candidate  materials  for  turbine  jet  applications, 
both  as  fibers  and  matrices  of  ceramic  composites.  To  evaluate  their  high-temperature 
environmental  stability,  heat  treatments  in  several  environments  were  performed  on  a  series  of 
compounds  in  the  AI2O3  and  Y2O3  system:  Ah03-Y3Al50i2  eutectic,  Y3AI5O12,  YAIO3,  Y4AI2O9, 
and  Y2O3.  The  yttrium  aluminates  were  found  to  be  stable  at  high  temperatures  under  vacuum 
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and  in  air.  However,  when  they  were  heat  treated  under  vacuum  in  proximity  of  SiC, 
degradation  was  observed.  This  was  found  to  be  primarily  a  result  of  carbothermal  reduction.  In 
a  similar  reducing  environment  without  Si,  the  yttrium  aluminates,  AI2O3,  and  Y2O3  all  exhibited 
degradation  by  carbothermal  reduction.  Based  upon  the  experimental  results,  a  degradation 
mechanism  for  yttrium  aluminates  was  proposed  [4]. 

4. 1.5.3  Design  Issues 

As  our  understanding  of  composite  behavior  and  the  effect  of  process  and  structure  variables 
increased,  the  focus  shifted  towards  design  implications.  Several  reports  were  prepared  that 
summarized  our  state-oftthe  art  imderstanding  and  the  design  issues  that  remain.  Topography  of 
the  interfacial  fracture  surface  has  been  shown  to  be  a  significant  contributor  to  interfacial 
fiiction  and  is,  therefore,  a  strong  determinant  of  debond  length  and,  hence,  composite 
properties.  The  nuances  of  interface  failure  behavior  have  direct  implications  on  the  design  of 
alternative  fiber  coatings  for  interface  control.  One  requirement  involves  control  of  the  coating 
compliance  while  another  involves  control  of  the  interfacial  fracture  path,  in  addition  to  the  first 
order  requirement  of  accomplishing  crack  deflection.  Such  issues  will  require  explicit  attention 
for  development  of  effective  oxide-based  approaches.  These  design  requirements  have  been 
inferred  as  a  result  of  consideration  of  the  effects  of  fiber  debond  surface  topography.  Rough- 
surface  modeling  of  experimental  data  has  also  provided  preliminary  evidence  that  the  design 
space  for  coating  toughness  is  larger  than  previously  thought.  Current  understanding  of  the 
design  requirements  for  fiber  coatings,  as  derived  from  roughness  related  work,  was  summarized 
and  the  outstanding  issues  were  identified  [8,  19,  30,  59]. 

A  key  issue  with  oxide-oxide  CMCs  is  the  thermal  gradient  stresses  resulting  from  the  inferior 
thermal  conductivity  of  oxides  compared  to  nonoxides.  However,  since  there  are  several 
different  oxide  fibers  of  different  CTE  available,  the  concept  of  mixing  and  using  fibers  of 
different  CTE  can  be  used  to  manage  thermal  stresses.  For  example,  when  there  is  a  temperature 
gradient  in  the  plane  of  a  sheet- like  part,  the  fibers  of  low  CTE  would  be  placed  in  the  middle  of 
the  sheet/plate  and  the  fibers  of  high  CTE  at  the  ends,  which  are  colder.  The  differential  CTE  of 
fibers  can  also  be  used  to  minimize  the  extent  of  tensile  and  compressive  stress  regions,  with  the 
potential  for  increasing  the  operating  temperature  of  the  composite.  Fiber  degradation  limits  the 
use  temperature  of  oxide-oxide  composites.  Using  this  invention,  it  will  be  possible  to  design 
weaves  that  are  imbalanced  in  fiber  type  to  allow  for  the  degradation  of  tiie  fibers  near  the  hotter 
surface,  since  this  surface  will  see  only  compressive  stresses.  The  approach  will  allow 
simultaneous  stress  management  and  the  use  of  hotter  surface  regions  with  degraded  fiber 
properties  as  a  thermal  barrier  for  the  load-carrying  portion  of  the  composite.  A  patent  was  filed 
and  approved  by  the  US  Patent  office  [20].  The  scientific  component  of  the  work  was  presented 
at  the  25th  Annual  Conference  on  Composites,  Advanced  Ceramics,  Materials  and  Structures, 
January  2001.  A  manuscript  is  in  preparation  and  will  be  submitted  for  publication. 

In  an  on-going  work,  the  direct  application  of  an  oxide-oxide  CMC  in  a  novel  combustor 
application  was  explored.  Working  closely  with  combustion  designers  in  the  Propulsion 
Directorate  of  AFRL,  preliminary  studies  were  conducted  on  an  Inner  Turbine  Burner  (ITB)  that 
uses  CMC  materials  on  the  cavity  walls.  A  well-tested  2-D  CFD  code  was  used  for  the 
simultaneous  simulation  of  reacting  flow  in  the  combustor  and  heat  transfer  in  the  metal  parts. 
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Calculations  made  with  stainless  steel  and  CMC  back  plates  showed  that  a  reduction  in  wall 
temperature  can  be  achieved  with  the  latter.  Numerical  experiments  were  performed  using 
fictitious  metals  with  different  material  properties,  such  as  back  plates  in  the  cavity,  to 
understand  the  role  of  individual  material  properties  on  combustor  performance  [41]. 

4.1.6  Miscellaneous 

4.1.6.1  Review  of  Structural  Ceramic  Composites 

A  review  of  major  recent  advances  was  conducted  and  published  in  "Current  Opinion  in  Solid 
State  and  Materials  Science."  The  review  concluded  that  near-stoichiometric,  small-diameter 
SiC  fibers  with  excellent  properties  are  now  available  and  that  new  polycrystalline  oxide  fiber 
offers  significantly  improved  temperature  limits.  Fiufher,  oxide  fiber  coatings  that  substitute  for 
C  and  BN  for  deflecting  cracks  and  promoting  distributed  damage  appear  feasible.  Two  show 
substantial  low-temperature  plasticity  in  constrained  loading.  Properties  of  SiC-BN-SiC  and 
coatingless  oxide  composites  have  been  improved  markedly,  but  combustion  atmospheres  have 
proven  more  problematic  than  thought  for  &e  former  [24].  Another  review  on  interfaces  has 
been  submitted  to  the  Journal  of  the  American  Ceramic  Society  [59]  and  a  chapter  on 
"Composite  Mechanics  and  Behavior"  has  been  contributed  toward  a  Ceramic  Engineering 
Handbook  by  Marcell  Decker,  Inc.  [58]  A  concise  summary  of  the  status  and  projected  future  of 
interfaces  in  CMCs  was  written  as  a  chapter  for  a  Ceramic  Engineering  Handbook  [57]. 


4. 1 .6.2  In  Situ  Reinforced  Mullite 

The  microstructural  evolution,  anisotropic  grain  growth,  and  in  situ  toughening  of  dense  mullite 
annealed  above  1550  °C  were  studied.  Grain  growth  was  relatively  slow  at  1550  °C  and  the 
microstructure  remained  nearly  equiaxial.  Annealing  at  temperatures  above  the  eutectic 
temperature  (~1590  °C)  produced  fairly  rapid  anisotropic  grain  growth.  Stoichiometric  mullite 
doped  with  1.5  to  5wt%  Si02  and  0.5  to  1.0wt%  Y2O3  were  also  studied.  Compared  to  the 
undoped  mullite,  the  addition  of  Si02  and  Y2O3  produced  a  small  reduction  in  the  grain  growth 
kinetics.  TEM  analysis  revealed  that  the  glassy  second  phase  was  concentrated  at  the  triple 
junctions  or  distributed  inhomogeneously  at  the  grain  boundaries.  For  the  samples  annealed  at 
1750  °C,  the  indentation  fi-acture  toughness  at  room  temperature  increased  fi’om  2.0  to  2.5 
MPa  m*^^  for  the  imdoped  mullite  to  values  as  high  as  4.0  to  4.5  MPa-m^^  for  the  doped  mullite 
[36,  38, 49]. 

4. 1.6.3  Processing  of  YAG 

YAG  powders  were  synthesized  by  precipitation  of  hydroxides  using  three  types  of  precursors: 
nitrates  (nitrate  process),  isopropoxides  (alkoxide  process),  and  isopropoxides  chelated  with 
ethyl  acetoactate  (modified  alkoxide  process).  The  phase  development  in  the  powders  during 
heat  treatments  was  investigated  with  DTA  and  XRD.  An  intermediate  hexagonal  YAIO3 
(YAH)  phase  was  formed  at  800  °C  in  all  powders  regardless  of  the  synthesis  processes,  but  its 
complete  transformation  to  YAG  at  higher  temperatures  (>1000  °C)  occurred  only  in  the 
powders  prepared  by  the  nitrate  and  modified  alkoxide  processes.  The  alkoxide  process  led  to 
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the  largest  deviation  from  the  bulk  composition,  producing  a  single  phase  of  YAH  that 
transformed  into  YAG  plus  a  stable  YAM  (Y4AI2O9)  phase.  The  modified  alkoxide  process  led 
to  the  most  homogeneous  bulk  composition,  resulting  in  the  least  amount  of  YAH  in  the  powder. 
The  poor  chemical  homogeneity  in  the  powders  prepared  by  the  nitrate  and  alkoxide  processes 
was  attributed  to  the  segregation  of  the  hydroxides  and  to  the  presence  of  the  double  alkoxide, 
respectively  [42]. 

4. 1 .6.4  SiC/MoSi>  Nanocomposite 

A  novel  concept  for  in  situ  processing  of  SiC/MoSi  nanocomposites  has  been  developed  that 
combines  the  pyrolysis  of  MoSfe  particles  coated  withpolycarbosilane  and  subsequent 
densification  by  hot  pressing.  After  densification,  a  uniform  dispersion  of  SiC  particles  is 
obtained  in  the  MoSi  matrix.  The  strength  at  both  and  elevated  temperature  is  dramatically 
improved  by  the  processing  protocol  employed.  The  average  room  temperature  flexural  strength 
measured  for  the  SiC/MoSi  nanocomposite  was  760  MPa  versus  150  MPa  for  unreinforced 
MoSiz.  The  average  1250  °C  flexural  strength  measured  for  the  SiC/MoSi  nanocomposite  was 
606  versus  77  MPa  for  unreinforced  MoSi  [15]. 

4.2  SUMMARY  OF  CURRENT  WORK  NOT  REPORTED 

4.2.1  Oxide  CMC 

4.2.1. 1  Microstmctural  Evolution  of  Monazite  Coatings  for  Oxide-Oxide  Ceramic  Composites: 
from  Processing  Sols  to  Minicomposites 

Monazite  microstructure  has  been  studied  from  the  coating  sol  to  the  interface  coatings  in  the 
composites  after  extended  exposure  to  heat  (up  to  100  hours  at  1200  °C).  It  was  found  that  the 
water  sol  contains  needle-shaped  nanocrystals  of  the  monazite  precursor  rhabdophane 
(LaPO4-0.5H2O),  which  form  highly  aligned  bimdles  (Figure  3).  Upon  curing,  the  hexagonal 
lattice  of  rhabdophane  transforms  into  the  monoclinic  lattice  of  monazite  with  the  orientation 
relationship  [001]r  [100]m.  The  resulting  monazite  coating  has  bimodal  crystallographic 

texturing  with  respect  to  the  fiber  axis  (Figure  4).  It  was  found  that  heat  treatment  of  coated 
fibers  at  1200  °C  results  in  the  coating  spheroidization  and  loss  of  continuity,  apparently  due  to 
the  high  energy  of  the  fiber/monazite  interface.  However,  in  a  composite,  the  matrix  restrains 
this  process,  resulting  in  porous  coatings  with  no  spheroidization  or  discontinuity  (Figure  5). 
Heat  treatment  results  in  significant  grain  growth  in  the  monazite.  A  TEM  study  of  the 
orientation  of  individual  grains  has  levealed  that  this  process  is  accompanied  by  an  eventual 
complete  loss  of  crystallographic  orientation,  typical  for  as-deposited  coatings  (Figure  6).  A 
general  schematic  of  the  microstmctural  development  of  monazite  fiber  coatings  in  oxide-oxide 
composites  is  shown  in  Figure  7. 
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Figure  3.  TEM  Micrograph  and  Schematics  Showing  the  Arrangement  of 
Rhabdophane  Nanocrystals  in  the  Coating  Sol 


Figure  4.  TEM  Micrograph  and  Schematics  of  the  Microstructure  of 
As-Deposited  Monazite  Coating  on  NexteF“  610  Fiber 


Coating 
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Figure  5.  COI  NexteF"^  720/Monazite/AS  Composite  As -Fabricated  at 
2100  "F 


Figure  6.  [100]  Pole  Figure  Collected  From  Individual  Grains  in  Monazite  Coating  in 

NexteF"^  OlO/Monazite/A^Oos  Minicomposite  After  Heat  Treatment  at  1200  ®C 
For  100  Hours.  Shaded  Areas  Show  the  Expected  Locations  Of  The  [100]  Vectors 
if  the  Initial  Texturing  in  the  Coating  was  Preserved 


Figure  7.  Schematic  of  Microstructural  Development  of  Monazite  Fiber 
Coatings  in  Oxide -Oxide  Ceramic  Composites 


4.2. 1.2  Microstructural  Characterization  of  COI  Nextel™  720/Monazite/AS  Composites 

The  microstructure  of  COI  NexteF"^  720/Monazite/AS  composites,  both  unidirectional  and 
0/90°,  was  studied  using  TEM.  The  materials  were  studied  in  the  as-fabricated  (2100  °F) 
condition  and  after  additional  heat  treatment  at  2200  °F.  It  was  foimd  that  the  monazite  coating 
survived  during  the  processing.  Good  coverage  was  typically  observed,  as  seen  in  Figure  5.  It 
was  also  found  that  in  the  as- fabricated  materials,  the  coatings  still  showed  evidence  of  the 
preferred  orientation  typical  for  as-deposited  coatings  (Figure  8a).  Heat  treatment  at  2200  °F 
resulted  in  grain  growth  and  the  apparent  loss  of  crystallographic  orientation  (Figure  8b),  along 
with  partial  infiltration  of  silica  into  the  coating.  The  latter  agrees  well  with  the  results  of  the 
oxidation  of  monazite-coated  SiC  fibers  and  CVD  SiC,  which  indicated  that  monazite  is  easily 
wet  by  silica.  In  some  locations,  this  process  was  apparently  accompanied  by  the  dragging  of 
small  alumina  particles  from  the  matrix  into  the  monazite  coating  (Figure  9). 

In  addition,  a  specimen  heat  treated  at  1200  °C  for  100  hours  has  been  examined.  It  was  found 
that,  for  areas  where  the  coating  was  thin,  such  a  prolonged  heat  treatment  resulted  in 
spheroidization  of  the  coating,  leaving  isolated  discontinuous  grains  of  monazite  at  the 
fiber/matrix  interface,  as  shown  in  Figure  10a.  In  other  areas,  where  the  coating  was  originally 
thicker,  the  heat  treatment  resulted  in  the  formation  of  denser,  uniform  coatings  (Figure  10b). 
Electron  diffraction  analysis  and  HRTEM  imaging  of  the  monazite  grains  and  monazite/fiber 
interfaces  confirmed  the  thermodynamic  stability  of  monazite  imder  these  conditions  (Figure  1 1). 
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Figure  8.  (a)  TEM  Micrograph  Showing  Preferred  Orientation  of  the  Coating  in 

the  As-Fabricated  COI  NexteP*  720/Monazite/AS  Material;  (b)  Grain 
Growth  and  Apparent  Loss  of  Crystallographic  Orientation  in  the  Same 
Material  After  Heat  Treatment  at  2200  °F 


Figure  9.  TEM  Micrograph  Showing  Partial  Infiltration  of  Silica  and  an  Ai203  Particle 
Dragged  Into  the  Monazite  Coating  in  the  As-Fabricated  COI  Nextel™ 
720/Monazite/AS  Material 


Figure  10.  (a)  T£M  Micrographs  Showing  Spheroidization  and  Formation  of  Isolated 
Discontinuous  Grains  of  Monazite  in  Thin  Coatings,  and  (b)  Formation  of 
Thicker  Dense  Uniform  Coatings  in  COI  Nextel™  720/Monazite/AS  Material 
After  Heat  Treatment  at  1200  °C  for  100  Hours 


Moiia/ite,  Z,A.  i  i(MI| 


Figure  11.  CBED  Pattern  from  Monazite  and  HRTEM  Image  of  the  Monazite/Fiber 

Interface  Confirming  the  Thermodynamic  Stability  of  Monazite  in  COI  Nextel 
720/Monazite/AS  Material  after  Heat  Treatment  at  1200  °C  for  100  hours 
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4.2. 1.3  Effect  of  Long-Term.  High-Temperature  Exposxires  onNexteF*^  610/Monazite/Alununa 
Composites 

Porous  matrix  NexteF'^  610/monazite/alumina  composites  have  been  subjected  to  long-term, 
high-temperature  heat  treatments  (1200  °C/100  hours/air),  as  reported  in  Section  4.1.2. 1.4.  Since 
publishing  the  aforementioned  data,  further  work  has  been  accomplished  in  this  system.  Fiber 
push- in  tests  were  performed  on  samples  after  heat  treatment  at  1200  °C  for  5  or  100  hours  in  air. 
Both  control  samples  (uncoated  fiber)  and  monazite-containing  specimens  were  evaluated. 
Preliminary  examination  of  the  data  revealed  that,  as  expected,  the  fibers  in  the  control  samples 
could  not  be  pushed.  Alternately,  the  monazite-coated  fibers  could  be  pushed  after  either  5  or 
100  hours  at  1200  °C,  indicating  that  a  weak  interface  was  retained  during  the  heat  treatments. 
These  results  are  supported  by  the  fractographic  analysis.  No  fiber  pull-out  is  seen  in  control 
samples,  while  fiber  pull-out  is  seen  in  the  Nextel™  610/monazite/alumina  samples.  Further 
fiber  push- in/push-out  testing  will  be  conducted,  since  the  loads  required  to  push  the  monazite- 
coated  fiber  after  the  100  hour  exposure  were  significantly  lower  than  after  the  5  hour  exposure. 
Fiber  tow  testing  revealed  that  the  heat  treatment  alone  would  not  degrade  the  fiber  strength; 
therefore,  the  state  of  the  interface  must  be  changing.  One  possibility  for  the  lower  loads  is  the 
spheroidization  of  the  monazite  coating  during  heat  treatment;  this  would  leave  a  gap  at  the 
fiber/matrix  interface,  similar  to  fugitive  coatings.  TEM  analysis  of  the  push- in  specimens  is 
currently  underway  to  determine  if  this  is  the  case. 

Another  set  of  Nextel™  610/monazite/alumina  specimens  were  produced  for  longer  term  (250, 
500  and  1000  hour)  exposures  at  1200  °C.  Results  of  the  250  hour  hold  appear  promising,  since 
the  composite  retained  approximately  two-thirds  of  its  strength,  which  is  significantly  better  than 
control  samples,  where  over  70  percent  strength  loss  was  seen  after  only  5  hours  at  1200  °C 
(Figure  12). 


Nextel  610/Aluinina  Nextel  610/Monazite/Aluiiiina 


Figure  12.  Tensile  Test  Results  for  Oxide-Oxide  CMCs  (Note:  Values  in 
Italic  are  Average  strain). 
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The  fracture  surfaces  of  these  samples  also  appeared  “woody”,  indicating  fiber  pull-out. 
Additionally,  tensile  testing  at  high  temperature  (1200  °C)  will  be  conducted.  The  results  of  this 
work  will  serve  to  confirm  the  long-term,  high- temperature  stability  of  monazite  coatings  in 
oxide-oxide  composites.  An  article  will  ultimately  be  written  and  submitted  for  publication  in 
the  Journal  of  the  American  Ceramic  Society. 

4.2. 1.4  Tow  Weavabilitv 


Making  CMCs  with  fiber  cloth  may  be  easier  and  more  practical  than  with  the  tow  alone.  But 
sol-gel  coatings  of  fiber  cloths  have  an  inherent  disadvantage  in  that  the  fibers  are  in  close 


Figure  13.  PVA  Sizing  of  Coated  NexteF*^  720  Showing:  (a)  FUaments  Bundled  Together 
and  (b)  PVA  crust. 

proximity  and  cross-over  points  are  difficult  to  coat.  Preliminary  experiments  were  carried  out 
to  produce  coated  cloth  by  weaving  monazite-coated  tows.  Monazite  coatings  on  tows  have 
been  made,  but  the  coated  fibers  have  to  be  sized  before  they  are  woven.  A  1.4  g/1  polyvinyl 
acetate  sizing  was  applied  on  coated  NexteF®^  720  fiber  tows  (Figure  13a).  The  sizing  did  not 
coat  individual  filaments  but  formed  bridges  and  crasts  that  bundled  the  filaments  together 
(Figure  13b).  The  sized  tows  were  run  through  an  experimental  weaving  apparatus,  and  the 
filaments  were  then  separated  and  tested.  The  average  filament  strength  was  1.65  GPa.  Some 
sized  tows  were  tested  for  weavability,  desized  at  1000  ”C,  separated,  and  tensile  tested.  The 
average  filament  strength  was  1.95  GPa.  The  coated  tows  will  be  sent  to  Techniweave  (Albany 
International,  Rochester,  NH)  to  assess  the  weavability  of  the  coated  tows. 

4.2. 1.5  Commercial  CMC  Characterization  for  Thermal  Gradient  Exposure 

As  part  of  a  collaborative  research  effort  with  the  Propulsion  Directorate,  a  study  was  initiated  to 
evaluate  the  mechanical  properties  and  microstructural  stability  of  a  commercial  porous  matrix 
ceramic  composite  (NexteF*^  720/Aluminosilicate,  Composite  Optics,  Inc.)  exposed  to  a  thermal 
gradient,  where  one  surface  was  above  the  material  use  temperature.  To  accomplish  this  goal,  a 
maximum  temperature  of  1300  °C  was  chosen,  which  is  well  over  the  <1 100  °C  constant  use 
temperature.  Initially,  samples  were  isothermally  exposed  to  various  temperatures  (1 100, 1200 
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and  1300  °C)  for  100  hours  in  air  and  then  either  tensile  tested  or  subjected  to  mercury 
porosimetry.  Mercury  porosimetry  revealed  that  the  as-received  samples  contained  ~23  percent 
porosity,  which  decreased  to  ~18  percent  porosity  after  the  1300  °C  heat  treatment.  It  should  be 
noted  that  mercury  intrusion  accounts  only  for  open  porosity,  not  closed.  In  all  conditions,  the 
majority  of  pores  were  in  the  range  of  0.2  to  0.01  pm,  although  the  pore  size  distribution  shifted 
to  larger  sizes  with  increasing  temperature,  presumably  due  to  pore  coarsening  and  crack 
opening.  Few  pores  were  evident  with  sizes  below  0.01  pm.  SEM  analysis  of  the  as-received 
materials  revealed  a  microcracked  matrix,  which  is  common  in  porous  matrix  composites  and 
arises  from  shrinkage  of  the  matrix  while  being  constrained  by  the  fabric.  In  mercury 
porosimetry  analysis,  these  cracks  will  show  as  pores  with  diameters  proportional  to  the  crack 
opening.  Further  microstructural  characterization  is  needed  to  correlate  the  mercury  intrusion 
and  SEM  results.  The  use  of  mercury  porosimetry  as  a  composite  evaluation  tool  will  be  Avritten 
and  submitted  for  publication. 

Along  with  microstructural  evaluation,  the  mechanical  properties  of  the  composites  after  the 
isothermal  and  thermal  gradient  exposures  will  be  measured.  These  values  will  be  used  in 
modeling  the  behavior  of  the  composite  after  exposure  to  a  thermal  gradient.  Preliminary  tests 
were  conducted  wherein  the  commercial  composite  was  exposed  to  a  thermal  gradient  of  ~250 
°C,  with  one  side  at  1200  or  1250  °C  and  the  cool  side  at  ~950  to  1000  °C.  Samples  were  held 
for  either  8  or  24  hours  under  these  gradients  and  subsequently  tensile  tested.  For  the  samples 
exposed  to  a  maximum  temperature  of  1200  °C,  degradation  or  brittle  failure  was  seen  in  only 
the  outer  layer  of  the  composite.  With  a  maximum  temperature  of  1250  °C,  between  two  and 
three  fiber  layers  were  degraded.  The  depth  of  degradation  in  both  cases  agrees  roughly  with  a 
simplistic  model  that  assumes  a  linear  thermal  gradient  through  the  sample.  Additional  thermal 
gradient  exposures  will  be  conducted,  using  1250  °C  or  above  as  the  maximum  temperature  and 
up  to  100  hour  heat  treatments.  Tensile  test  results  from  the  thermal  gradient  samples  will  be 
correlated  with  the  isothermal  composite  strengths  and  subsequently  used  in  modeling  the 
behavior  of  these  materials  under  a  thermal  gradient.  Upon  conclusion  of  the  study,  ftie  results 
will  be  written  and  submitted  for  publication. 

4.2. 1.6  Porous  Matrix  Composite  Processing 

Over  the  course  of  the  contract  period,  extensive  work  has  gone  into  producing  oxide-oxide 
CMCs  using  pressure  infiltration/pressureless  sintering  and  vacuum  bagging/pressureless 
sintering.  Various  fiber/matrix  combinations  have  been  utilized,  as  discussed  in  the  summary  of 
completed  work.  For  future  commercial  use  of  porous  matrix,  oxide-oxide  CMCs,  pressure 
infiltration  and/or  vacuum  bagging  appears  to  be  the  most  viable  processing  technique(s).  This 
is  particularly  true  if  fiber  coatings  are  utilized;  coating  a  cloth  will  be  much  more  efficient  than 
coating  the  individual  tows.  Work  will  continue  in  the  area  of  CMC  production  using  pressure 
infiltration  and  vacuum  bagging,  with  a  goal  of  reproducibility  and  increased  density.  For 
example,  in  the  area  of  increased  density,  multiple  infiltrations  of  green  composites  with  various 
oxide  sols  have  been  studied;  weight  increases  of  over  10  percent  have  been  obtained  in  some 
cases.  In  terms  of  reproducibility,  Nextel™  610/alumina  composites  have  been  routinely 
fabricated  with  strengths  of  approximately  200  MPa  after  sintering  at  1 100  °C.  Alternately,  heat 
treating  at  1200  °C  for  the  same  time  period  results  in  a  dramatic  (>70  percent)  loss  in  strength. 
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which  suggests  the  need  for  the  interface  coating.  The  experience  gained  in  producing  these 
samples  will  be  utilized  in  future  CMC  experimental  studies. 

4.2. 1.7  NexteF*^  61 0/Alumina- YAG  Composites 

Work  concerning  the  NexteF*^  6 10/alumina- YAG  composites  discussed  in  Section  4. 1.4.2  has 
continued.  In  the  previous  work,  bulk  composites  could  be  heat  treated  only  in  air,  due  to 
furnace  constraints.  However,  in  this  later  work,  Nextel™  610/alumina-YAG  composites  were 
heat  treated  in  argon  at  1000  °C,  prior  to  final  sintering  at  1200  °C  in  air.  This  allowed  for  the 
crystallization  of  YAG  from  the  precursors  in  the  matrix,  while  still  retaining  the  carbon  phase. 
The  carbon  was  then  burned  from  the  matrix,  ideally  leaving  a  continuous,  porous  YAG  phase 
between  the  alumina  particles  and  at  the  alumina  particle/fiber  interface.  Tensile  testing  of  these 
samples  after  heat  treatment  at  1200  °C  for  5  hours  demonstrated  high  strengths,  as  compared  to 
control  samples  (Nextel™  610/alumina).  Long-term  exposures  of  these  composites  are  needed 
to  determine  if  the  porous  YAG  phase  is  stable  and  if  it  helps  retain  the  composite  strength. 

TEM  analysis  is  also  underway  to  determine  if  the  desired  microstructure  was  attained.  Further 
work  in  this  area  will  be  decided  upon  after  reviewing  the  results  of  this  work. 

4.2. 1.8  NexteF*^  650  Fiber  Characterization 

NexteF“  650  fiber  was  examined  as  part  of  the  reported  work  [53].  Due  to  the  “kinking”  and 
strength  degradation  seen  in  the  fiber  at  higher  temperatures  (1200  °C),  additional 
characterization  of  the  fiber  has  been  initiated.  XRD  analysis  indicated  that  the  fiber  was 
initially  almnina  plus  cubic  zirconia;  however,  after  heat  treatment  at  1200  °C,  the  peak  splits 
indicate  the  presence  of  tetragonal  zirconia.  TEM  analysis  of  the  fiber  has  been  conducted  and 
will  be  correlated  with  XRD  and  fiber  tow  testing.  UES,  Inc.  has  been  in  contact  with  3M,  Inc. 
to  transfer  data  obtained  on  this  material.  Ideally,  the  cause  of  the  fiber  degradation  can  be 
elucidated  and  a  better  fiber  obtained. 

4.2. 1.9  Dense  Matrix  Processing  Through  Reaction  Bonding 

Preliminary  experiments  were  carried  out  to  explore  processing  schemes  for  achieving  near- net 
shape,  dense  (and/or  impermeable)  refractory  matrices  in  CMCs.  Initially,  an  alumina-based 
matrix,  produced  through  RB,  was  considered.  The  underlying  main  issue  in  the  reaction 
bonding  of  aluminum  is  volume  change.  First,  there  is  approximately  a  14  percent  volume 
increase  in  going  from  solid  aluminum  to  liquid  aluminum.  Promoting  high  solid/gas  oxidation 
(<660  °C)  may  alleviate  this  problem.  The  overall  volume  increase  due  to  oxidation  of  solid 
aluminum  is  ~28  percent.  The  initial  oxidation  product  of  aluminum  is  gamma  alumina,  which 
transforms  to  the  stable  alpha  phase  around  1000  °C.  This  transformation  involves  about  a  20 
percent  specific  volume  decrease.  Thus,  the  oxidation  of  aluminum  undergoes  a  series  of 
volume  changes  depending  upon  the  processing  conditions.  The  specific  volume  decrease  from 
the  gamma  to  alpha  phase  transformation  would  be  detrimental  to  filling  the  pore  space  in  the 
CMC  matrix. 

Other  RB  candidate  metals  were  considered,  based  on  their  refractoriness  and  the  compatibility 
of  the  final  oxides  with  the  CMC  constituents.  Two  other  candidates  were  selected  along  with 


97 


aluminum:  titanium  (also  T^Al)  and  niobium.  The  RB  mixtures  were  attrition  milled  (Z1O2 
lining,  arms,  and  balls)  with  mineral  spirits,  followed  by  cleaning  and  drying.  The  oxidation 
behavior  of  the  milled  powder  mixtures  was  evaluated  using  DTA/TGA  to  determine  the 
oxidation  processing  temperature.  The  oxidation  products  were  characterized  using  XRD. 

Pellets  were  made  from  the  attrition- milled  powder  mixtures  using  a  cold  isostatic  press.  A 
series  of  reaction  bonding  experiments  were  carried  out.  Invariably,  the  pressed  pellets  increased 
their  volume  after  RB  without  densification.  Constraining  (e.g.,  encapsulation)  the  expansion 
during  RB  improved  the  bulk  density  of  the  pellets  somewhat  (less  volume  expansion)  without 
forming  cracks.  A  considerable  particle  size  reduction  of  Tij  A1  was  achieved  through  attrition 
milling  and  the  T^Al  was  amorphotized  during  the  milling  process.  However,  the  final  oxides 
after  RB  were  the  same  as  those  of  the  mixed  powder.  The  attrition- milled  T^Al  appears  to  be  a 
good  candidate  matrix  material  for  further  study. 

It  should  be  pointed  out  that  there  is  a  fimdamental  difference  between  RB  of  metal  oxide 
(RBMO)  and  silicon  nitride  (RBSN).  For  RBSN,  the  reaction  mechanism  is  primarily  a  gas/gas 
reaction  and  takes  place  within  the  void  space  of  the  silicon  preform.  Thus  for  RBSN,  the  silicon 
preform  shape  is  maintained  throughout  the  reaction  densification  period.  Typically,  the  metal 
oxidation  involves  a  solid/gas  reaction  and  the  growth  direction  of  the  oxide  scale  can  not  be 
controlled,  which  results  in  volume  expansion. 

Another  processing  scheme  was  explored  to  alleviate  RBMO  difficulties.  This  scheme  involved 
the  melt- infiltration  of  metal  (e.g.,  liquid  aluminum)  into  a  porous  matrix  oxide  containing  a 
fugitive  carbon  phase.  After  melt- infiltration,  the  fugitive  carbon  phase  is  bumed-out,  followed 
by  oxidation  RB.  The  merit  of  this  approach  is  to  promote  directional  oxidation  of  the  metal 
toward  the  gap  created  by  the  fugitive  carbon,  thus  minimizing  the  oxidation  volume  expansion. 
An  initial  experiment  was  unsuccessful  due  to  the  nonwetting  (melt-infiltration)  behavior  of 
liquid  aluminum  with  the  oxide-carbon  mixture  preform. 

Dense  matrix  processing  through  RB  does  not  appear  to  be  a  viable  route  at  present.  However,  a 
combination  of  melt- infiltration  and  gas/gas  reactions  (through  reactive  gases  that  generate  a 
metal-containing  gas  phase)  may  be  interesting  for  further  study. 

4.2.2  Nonoxide  CMCs 

4.2.2.1  Monazite  Coatings  of  Tvranno™-SA  Tows 

4.2.2. 1.1  Effects  of  Sol  Concentration  on  Coating  Uniformity 

Tyranno™-SA  fiber  tows  were  coated  with  20  g/1  and  35  g/1  washed  rhabdophane  precursors 
using  1-octanol  as  an  immiscible  liquid  displacement  agent.  SEM  analysis  showed  crust 
formation  in  coatings  made  from  both  the  20  g/1  and  35  g/1  preciusors.  However,  coatings  from 
the  35  g/1  precursor  displayed  far  more  crusting  (Figure  14).  The  viscosity  of  the  20  g/1  monazite 
sol  was  3  cP  and  the  viscosity  of  the  35  g/1  sol  was  7.2  cP.  Crusting  is  the  result  of  the  inability 
of  1-octanol  to  fully  displace  the  highly  viscous  sols,  typically  sols  of  viscosity  >  3  cP. 
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4.2.2. 1.2  Oxidation  Protection 


The  coated  and  uncoated  Tyranno™-SA  tows  were  heat  treated  in  air  at  1200  °C  for  1, 2, 5,  and 
10  hours.  The  coated  filaments  were  separated  and  tensile  tested  after  heat- treatment.  The 
uncoated  filaments  were  bonded  together  by  silica,  which  prevented  the  separation  of  individual 
filaments.  Therefore,  the  uncoated  filaments  were  not  tensile  tested.  The  silica  layer  thickness 
was  measured  from  SEM  and  TEM  micrographs. 


(a)  (b) 

Figure  14.  SEM  micrograghs  of  Monazite  Coating  on  Tyranno-SA  Fiber  With  (a)  No 
Crusting  and,  (b)  Crusting 


Monazite-coated  fibers  were  more  oxidation  resistant  than  uncoated  fibers  for  all  heat  treatments 
(Figure  15).  The  silica  oxidation  product  was  amorphous.  The  monazite  coating  thickness  was 
variable,  while  the  silica  film  thickness  was  uniform  and  independent  of  the  monazite  coating 
thickness  (Figure  15).  Silica  growth  followed  parabolic  kinetics.  The  parabolic  rate  constants 
with  and  without  monazite  coatings  were  10.2  by  10^  and  50.1  by  10^  nm^/h,  respectively. 

TEM  electron  diffraction  and  Energy  Dispersion  Spectroscopy  (EDS)  showed  that  the  monazite 
coatings  were  pure  and  did  not  interact  with  the  fiber  after  heat  treatment  at  1200  ”C  in  air. 
Monazite  coatings  were  porous  before  heat  treatment,  but  still  inhibited  silica  growth.  Coatings 
heat  treated  at  1200  °C  in  air  for  10  hours  were  dense,  but  thinner  coatings  spheroidized  and  were 
discontinuous.  The  observed  oxidation  inhibition  is  clearly  unrelated  to  oxygen  diffusion 
through  monazite. 
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(a)  (b) 

Figure  15.  SEM  Micrographs  of  Tyraiuio-SA  Heat  Treated  in  Air  at  1200  ®C/10  Hours: 
(a)  Without,  and  (b)  With  Coatings 


4.2.2. 1.3  Filament  Tensile  Strength 

Table  3  summarizes  the  strengths  of  coated  fibers.  Tensile  filament  strength  is  retained  for  the 
four-,  five-,  and  six-pass  coatings.  Similar  strength  retention  results  were  observed  for  monazite 
coatings  on  oxide  fibers  with  the  washed  rhabdophane  sol.  A  plot  of  the  tensile  filament  strength 
of  the  monazite-coated  Tyranno™-SA  fiber  heat  treated  at  1200  °C  in  air  versus  the  silica  film 
thickness  is  presented  in  Figure  16.  The  tensile  filament  strength  of  the  as-coated  fiber  was  2.61 
GPa.  The  tensile  filament  strength  of  the  heat-treated  fiber  decreased  with  increasing  silica  film 
thickness.  The  strength  \ulue  of  the  fiber  corresponding  to  a  silica  film  thickness  of  90  nm  was 
higher  than  the  control,  which  may  be  due  to  flaw  healing  by  silica.  This  implies  that  there  may 
be  a  threshold  silica  film  thickness  that  strengthens  the  Tyranno™-SA  fiber. 

Table  III.  Tensile  Filament  Strength  of  Tyranno™-SA  Coated  Fiber 
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Figure  16.  Tensile  Filament  Strength  of  Heat-Treated  Monazite  Coated  Tyranno™- 
SA  Fiber  Versus  Silica  Film  Thickness. 

4.2.2.2.  Monazite  Coatings  of  Svlramic™.  Tvranno™-SA.  Hi-Nicalon™.  and  Hi-Nicalon™-S: 
Coating  Retention 


Sylramic™,  T)aanno™-SA,  Hi-Nicalon™,  and  Hi-Nicalon™-S  fiber  tows  were  coated  with  20 
g/1  washed  rhadophane  sol.  The  monazite  coating  retention  was  assessed  with  SEM  analysis, 
which  indicated  that  the  retention  depended  upon  the  surface  roughness  of  the  fiber.  Coating 
retention  was  in  the  order:  Sylramic™  ~  Tyranno™-SA  >  HirNicalon™  ~  HirNicalon™-S 
(Figure  17).  Surface  roughness  followed  the  same  order  (Figure  18).  Mechanical  interlocking 
of  the  coating  on  rough  surfaces  of  the  fiber  may  be  responsible  for  coating  retention  on  the 
fibers.  In  addition,  Ae  high  surface  area  created  by  the  roughness  enhances  the  physical  bond 
between  the  fiber  and  the  monazite  film.  A  thin  carbon  film  on  the  fiber  surface,  formed  from 
fi'ee  carbonin  the  fiber,  may  cause  monazite  to  debond.  Quantification  of  the  free  carbon  in  the 
fiber  and  its  relation  to  coating  retention  may  be  needed. 
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Figure  17.  Monazite  Coating  on  (a)  Sylramic™,  (b)Tyranno™-SA,  (c)  Hi-Nicalon™  ,  and 
(d)  Hi-Nicalon™ -S 
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4.22.3  Application  of  Monazite  Coatings  in  SiC/SiC  Composites: 


The  potential  of  monazite  as  an  inteiphase  in  SiC/SiC  CMCs  was  explored.  In  principle, 
monazite  can  enhance  the  resistance  to  oxidation/moisture  of  SiC/SiC  CMCs,  which  otherwise 
are  limited  by  the  oxidation/moisture  resistance  of  C  or  BN.  The  relevant  issues  are  (1)  Does 
monazite  provide  a  weak  interface?  (2)  Can  monazite  survive  the  Chemical  Vapor  Infiltration 
(CVI)  processing  of  matrix  SiC?  (3)  Is  monazite  stable  with  SiC  at  low  PO2?,  and  (4)  Does 
monazite  provide  a  significant  barrier  to  oxidation  for  the  SiC  fiber?  To  answer  these  questions, 
UES,  Inc.  worked  with  ORNL  and  with  BF  Goodrich  and  Hypertherm,  Inc.  through  NASA. 
Results  showed  that  the  monazite-coated  fibers  retained  fiber  strength  and  showed  signs  of  weak 
bonding.  In  fact,  the  real  issue  was  survival  of  the  monazite  coating  without  spallation  during 
transport  and  processing. 

Four  CVD-processed  materials  have  been  investi^ted  using  analytical  TEM: 

(1)  Sylramic™/Monazite/CVI-SiC  (H5q)othenn),  (2)  Sylramic™/Monazite/CVI-SiC  (BF 
Goodrich),  (3)  Tyranno™  SA/Monazite/CVI-SiC  (ORNL),  and  (4)  Hi-Nicalon™/Monazite/CVI 
SiC  (BF  Goodrich).  The  Hypotherm  specimen  possessed  good  integrity  and  under  TEM 
investigation  showed  good  overall  retention  of  the  coating.  Figure  19a-d,  although  a  layer  of 
silica  glass  was  easily  detectable  at  the  fiber/coating  interface.  Figure  19c.  Element  mapping  and 
point  EDX  analysis  revealed  that  the  original  monazite  coating  was  severely  affected  by 
chemical  reaction,  with  only  isolated,  if  any,  pockets  of  original  monazite  composition  present 
(Figure  20). 

In  the  BF  Goodrich  (Sylamic™)  material,  no  coating  or  its  remains  could  be  detected  using  TEM 
and  EDX  analyses.  However,  it  must  be  noted  that  since  the  specimen  was  very  fragile,  TEM 
specimen  preparation  was  difficult  and  the  number  of  fiber/matrix  interfaces  available  for 
examination  was  extremely  limited.  A  t5q)ical  TEM  image  of  a  fiber/matrix  interface  is  shown  in 
Figure  21a.  EDX  examination  revealed  a  significant  amount  of  oxygen  in  the  CVD-SiC  matrix. 
Figure  21b.  In  one  of  the  cases  (BF  Goodrich,  Inc.),  monazite  was  foimd  to  survive  the  CVI 
processing  cycle.  Figure  22  shows  the  TEM  micrographs  obtained  for  these  mini-CMCs, 
showing  that  monazite  survived  the  processing,  although  it  was  not  physically  continuous  around 
the  fiber. 
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Figure  19.  TEM  Micrographs  Showing  Fiber/Coating/Matrix  Interfaces  in  the 
Sylramic™/Monazite/CVD-SiC  (Hypotherm)  Material 
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Figure  20.  EDX  Maps  and  Spectra  Showing  the  Extent  of  Chemical  Reaction  at 
Fiber/Coating/Matrix  Interfaces  in  the  Sylramic/Monazite/CVD-SiC 
(Hypotherm)  Material 


Figure  21.  A  TEM  Image  of  the  Fiber/Matrix  Interface  in  the  BF  Goodrich 

Sylramic™/Monazite/CVD-SiC  Material  (a),  and  EDX  Spectra  from 
the  matrix  (b) 
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Figure  22.  TEM  Micrograph  of  a  Hi-Nicaloii™/monazite/CVI  SiC  Mini-CMC 

Showing  the  Presence  of  Monazite  Grains  (Confirmed  by  Diffraction) 
at  the  Fiber-Matrix  Interface 

In  the  ORNL  material,  the  coating  was  physically  present  at  the  interfaces  (Figme  23);  however, 
similar  to  the  Hypotherm  material,  it  severely  reacted  during  the  processing,  resulting  in  high 
concentrations  of  silicon  throughout  the  coating  (see  EDX  spectra  inserts  in  Figure  23b).  All 
mini-CMCs  tested  to  date  were  brittle  with  poor  strength  It  is  believed  that  the  lack  of  survival 
of  the  coating  is  the  main  problem.  There  is  also  a  problem  of  reproducibility  with  regard  to 
survival  of  monazite  during  the  CVI  processing.  A  second  batch  of  mini-CMCs  fabricated  by 
BFGoodrich  showed  that  the  monazite  did  not  survive,  although  La  was  still  present  at/near  the 
interface. 


Fig.  23.  TEM  Images  of  the  Fiber/Matrix  Interface  in  ORNL  Tyranno™  SA/Monazite/CVD- 
SiC  Material.  The  Inserts  Show  the  Respective  EDX  Data  for  Coating  and  the  CVD 
Matrix  Adjacent  to  it. 


4.2.2.4  Ube  SiC/SiC  -  Stress-Rupture  Tests 


Minicomposites  fabricated  by  Ube,  Inc.  of  Japan  were  tested  as  part  of  a  collaboration  between 
AFRL  and  UBE,  Inc.  It  was  decided  that  the  most  promising  composites  would  be 
tested  in  the  intermediate  temperature  range  (800  to  1000  °C)  under  a  temperature  gradient;  this 
is  considered  a  severe  test  for  these  composites.  Twelve  samples  of  Tyranno™ZMI/C/SiZrC 
Mini-CMC  specimens,  each  nearly  1  foot  in  length,  were  obtained.  Lengths  of  150  cm  were  cut 
and  mounted  with  20  cm  of  each  side  embedded  in  epoxy  tabs.  The  specimens  were  gripped 
using  cold  grips  in  a  horizontal  testing  machine  (MLLN/Life  Prediction  Group)  and  tested  in 
tension  at  temperature  using  SiC  air  furnaces  wiA  a  gauge  length  of  2.5  cm  in  the  hot  zone.  The 
furnace  was  7-cm  long  (total  length)  with  2.5  cm  hot  zone  in  the  middle.  There  was  a  large 
temperature  gradient  along  the  length  of  the  specimen  (Figure  24). 


Figure  24.  Results  of  Intermediate  Temperature  Gradient  Tests  on  UBE 
minicomposites. 

The  results  of  intermediate  temperature  gradient  tests  on  UBE  minicomposites  showed  some  loss 
in  strength  with  temperature  at  stresses  above  the  nonlinearity  point.  Fractography  showed  short 
pull-out  lengths  but  no  brittle  failure.  Six  specimens  were  tested  in  all.  Referring  to  Figure  24, 
samples  #1  and  #  5  were  held  at  load  for  a  predetermined  time;  no  failure  occurred,  and  the 
tensile  strength  of  the  material  was  measured.  Samples  #2  and  #3  were  held  at  constant  load  to 
failure,  while  samples  #4  and  #6  were  tested  through  fast  fracture  at  temperature.  Samples  #4 
and  #6  failed  in  the  middle  of  specimen,  where  the  temperature  was  approximately  850  °C. 
Alternately,  samples  #1,  #2,  #3,  and  #5  all  failed  away  from  the  hot  zone,  where  the  temperature 
was  approximately  ~800  °C. 

4.2.3  Miscellaneous 

4.2.3. 1  Failvu'e  and  Deformation  Mechanisms  in  Scheelite 

Scheelite,  along  with  monazite,  is  considered  one  of  the  oxide-based  alternatives  to  carbon  and 
boron  nitride  fiber  coatings  for  improving  the  high-temperature  environmental  stability  of 
ceramic  matrix  composites.  Deformation  mechanisms  in  scheelite  have  been  studied  using 
TEM.  During  the  first  stage  of  the  study,  the  focus  was  on  cleavage  in  the  tetragonal  lattice  of 
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scheelite.  Cleavage  planes  were  studied  by  the  direct  observation  of  the  cleavage  faults  in  thin 
TEM  sections  of  scheelite  using  diffraction  and  high-resolution  imaging  techniques.  It  was 
found  that,  most  commonly,  scheelite  cleaves  parallel  to  the  (001)  crystallographic  plane. 
However,  other  cleavage  planes,  such  as  (101),  were  also  occasionally  observed.  In  addition,  in 
some  cases  (001)  cleavage  may  be  accompanied  by  occasional  "slip"  along  the  (114)  plane 
(Figure  25a;  in  this  example,  the  cleavage  plane  shifts  by  9  lattice  unit  cells  in  the  [001] 
direction).  In  some  cases,  (001)  cleavage  is  combined  with  periodic  kinks  in  the  (01 1)  planes, 
resulting  in  a  complex  cleavage  with  the  general  cleavage  plane  deviating  from  (001)  by  about  4 
to  5°,  Figure  25b. 

4.2. 3.2  Analyses  of  Hysteresis  Loop  to  Extract  Interface  Roughness  Parameters 

The  progressive  roughness  model  was  used  to  develop  a  code  that  predicts  load-unload  cycles 
during  a  tension  test  of  a  single- fiber  microcomposite  or  multifiber  unidirectional  mini¬ 
composite.  Test  results  from  two  different  laboratories  on  different  SiC-type  fiber-reinforced 
SiC- matrix  minicomposites  and  microcomposites  \\ere  analyzed.  The  fibers  were  Nicalon™,  Hi- 
Nicalon™,  and  Sylramic™.  The  interface  coatings  were  C  or  BN,  and  the  matrix  was  CVD  SiC 
in  all  cases.  The  results  are  shown  in  the  Figure  26. 

The  model  was  foimd  to  be  helpful  in  the  extraction  of  roughness  parameters.  The  extracted 
parameters  for  Nicalon™  were  the  most  reasonable.  The  results  for  Sylramic™  and  HkNicalon™ 
showed  sensitivity  to  compliance  removal  and  matrix  crack  density.  The  higher  sliding  resistance 
of  Sylramic™  fibers  was  attributed  to  its  shorter  interfacial  roughness  period. 


Figure  25.  (a)  (001)  Cleavage  Accompanied  by  Slip  Along  (114)  Plane  Resulting  in 
the  Offset  of  the  Cleavage  Plane  by  Nine  Lattice  Unit  Cells  in  the  [0011 
Direction;  (b)  (001)  Cleavage  Combined  With  Periodic  Kinks  in  the  (011) 
Plane,  Resulting  in  the  Average  Cleavage  Plane  Deviating  from  (001)  by 
About  4  to  5° 
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Figure  26.  The  Hysteresis  Data  Obtained  on  Various  Micro-CMC  and  Mini-CMCs 
Along  With  the  Fit  of  the  Progressive  Roughness  Model  to  the  Data  are 
Shown  (Extracted  Interface  Parameters.) 

4.23.3  Fracture  Toughness  Measurement  of  Fiber 

Preliminary  experiments  were  conducted  to  measure  the  fracture  toughness  of  fibers  using  an 
indentation- induced,  controlled- flaw  technique.  The  ultimate  objectives  of  this  study  were  to 
measure  the  fracture  toughnesses  of  various  small  diameter  (<15  pm)  oxide  fibers  routinely 
produced  by  3M,  Inc.  and  also  to  measure  the  effect  of  dopants  on  the  fracture  toughness  of 
Alumina-YAG  Eutectic  (AYE)  fibers.  Feasibility  experiments  were  performed  on  large  diameter 
(~100  pm)  AYE  fibers,  with  and  without  0.25%TiO2  doping.  Using  a  Knoop  microhardness 
indentor  (50  to  200  gm  load),  a  semicircular  crack  (a  =  ~10  pm)  was  produced  on  the  fibers. 
These  fibers  were  then  tested  in  tension  to  measure  the  fracture  strength  of  the  cracked  fibers. 

The  fracture  surfaces  of  the  fibers  were  examined  using  SEM  to  precisely  measure  the 
indentation  crack  sizes.  Based  upon  the  failure  strengths  and  the  indentation- induced  crack 
sizes,  the  fracture  toughnesses  of  the  fibers  were  calculated.  Based  upon  ~5  tests,  the  calculated 
average  fracture  toughnesses  were  1.50  and  1.65  MPa-Vm  for  undoped  and  0.25%TiO2  doped 
AYE,  respectively.  Since  the  measured  difference  in  fracture  toughness  values  was  small, 
definitive  conclusions  caimot  be  presently  made  concerning  the  dopant  effect  on  the  AYE  fiber. 
However,  the  technique  seems  useful,  assuming  that  one  can  produce  distinctive  and  measurable 
flaws  on  the  surface  of  the  fiber.  In  order  to  apply  the  current  technique  to  small  diameter 
Nextel™  fibers,  a  nano- indentation  technique  should  be  used.  A  drawback  of  this  technique  is 
that  a  large  number  of  tests  are  required  to  make  the  measured  value  statistically  sound.  A  short 
manuscript  describing  the  technique  is  being  written  and  will  be  submitted  for  publication. 

4.2.3.4  Fugitive  Liquid  Phase  Sintering  of  Alumina 

An  innovative  processing  scheme  was  explored  to  achieve  dense  matrices  in  CMCs  using  a 
fugitive  liquid  phase  sintering  route.  The  processing  involves  using  LiF  (m.p.  =  845  “C)  as  a 
fugitive  liquid  phase  to  promote  densification  at  low  temperature  (<1000  °C)  and  low  pressure 
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(<1000  psi).  The  CMC  systems  being  considered  were  Nextel™  610/Alumina  and  SiCf/Mullite. 
Initial  experiments  were  carried  out  using  alumina  with  LiF  to  determine  the  minimum  amount 
of  LiF  needed  to  achieve  full  densification  and  also  to  choose  the  appropriate  processing 
conditions.  The  LiF  amounts  studied  were  0.1, 0.3, 0.5, 1,  and  3  wt%.  With  a  0.5  wt%  LiF 
addition,  full  densification  of  alumina  was  reached  within  30  minutes  at  1000  °C/1000  psi. 
DTA/TGA  analysis  was  performed  on  the  alumina  with  1  wt%  LiF  to  examine  the  vaporization 
characteristics.  Since  the  amount  of  LiF  was  small,  it  was  difficult  to  resolve  the  vaporization 
XRD  analysis  of  as-hot  pressed  and  heat-treated  (1 100  °C/10hr/air  and  vacuum)  specimens  were 
carried  out.  It  was  found  that,  along  with  alpha  alumina,  a  small  amount  of  LiAfeOg  phase  was 
formed.  The  amount  of  this  minor  phase  varied  with  the  LiF  content  and  the  heat-treatment 
condition. 

The  mullite  matrix  did  not  densify  with  0.5  wt%  LiF,  due  to  the  formation  of  LiAlSjOe 
(Spodumene)  during  hot-pressing.  It  appears  that  LiF  is  not  a  viable  fugitive  liquid  phase 
sintering  candidate  for  mullite  densification. 

A  series  of  reaction  couple  (YAG/alumina-LiF,  Monazite/alumina-LiF)  experiments  were  carried 
out  to  examine  potential  reactions  with  CMC  interface  materials.  Composites  containing  a  few 
tows  of  Nextel™  610  fibers  with  LiF-alumina  matrix  were  also  fabricated  to  study  the 
compatibility.  An  interesting  observation  was  the  exaggerated  alpha-alumina  grain  growth  in  the 
fiber.  A  manuscript  describing  the  reaction  couple  experimental  results  and  the  microstructural 
observations  is  being  written  and  will  be  submitted  for  publication. 

4.2.3.5  CVD  Processing  of  Alumina  Matrix 

Our  work  has  shown  the  importance  of  obtaining  a  dense  matrix  to  properly  evaluate  interface 
effectiveness.  Collaborative  work  was  conducted  with  ORNL  and  Northwestern  University  to 
determine  if  CVD  methods  could  be  used  to  deposit  dense  alumina  matrices  on  fiber  tows  to 
fabricate  minicomposites.  ORNL  used  halides  as  precursors,  and  preliminary  work  showed  that 
the  interface  chemistry  was  altered  significantly  by  these  precursors.  The  precursors  had 
presumably  reacted  with  the  La  hexaluminate  coatings  on  sapphire.  At  Northwestern  University, 
the  procedure  was  different  in  that  metallorganic  precursors  were  used  instead  of  halides.  The 
monazite  coating  (as  well  as  scheelite  and  Cerablak^*^  coatings)  survived  processing  however, 
the  as-deposited  alumina  was  amorphous.  The  control  composites  showed  very  little  bonding 
between  the  fiber  and  matrix. 

When  the  matrix  alumina  was  heat  treated  at  1 100  °C  for  2  hours,  the  amorphous  alumina 
crystallized  to  gamma-alumina;  the  associated  shrinkage  resulted  in  matrix  microcracks.  The 
matrix  became  weak  and  dislodged  during  the  tension  test,  leaving  the  monazite-coated  fibers 
behind  (Figure  27).  In  the  control  specimen,  the  alumina  bonded  strongly  to  the  fiber  and 
resulted  in  brittle  fracture  with  low  strength.  Thus,  although  it  was  possible  to  get  a  dense 
alumina  matrix,  it  was  difficult  to  obtain  dense,  crack- free  alumina  as  a  matrix  using  CVD 
niethods.  Similar  results  were  obtained  using  scheelite  and  Cerablak™  as  interlayers. 


110 


Figure  27.  The  Minicomposites  Fabricated  Using  Monazite  as  Interlayers  in  NexteF*^ 
610-Reinforced  CVI  Alumina  Matrix  Mini-CMCs  Performed  Significantly 
Better  than  Control  Specimens  Under  Tension  Tests 

4.2.3.6  Microstructure  of  Pure  and  Doped  YAG  Fibers  Produced  by  Containerless  Method 
(Containerless  Research.  Inc.,  xmder  AFOSR  contract) 

A  TEM  study  of  pure  and  doped  YAG  fibers  produced  by  CRI  was  conducted.  The  goal  of  the 
CRI  study  was  to  improve  nucleation  of  YAG  and  thus  reduce  the  grain  size  of  the 
polycrystalline  fibers.  A  number  of  specimens  were  investigated.  It  was  found  that  the  doped 
specimens  were  actually  multiphase  materials  containing  alumina  and,  in  some  cases,  lanthanum 
hexaluminate  (lanthanum  being  a  doping  element).  A  special  method  of  specimen  preparation 
was  developed  during  the  course  of  this  study,  which  allows  for  the  reproducible  preparation  of 
high  quality  TEM  specimens  fi'om  very  limited  quantities  of  small  diameter  ceramic 
monofilaments. 

4.2.3.7  Doped  AYE  Polycrystals 

An  experimental  study  was  carried  out  to  extend  the  AYE  Polycrystal  (Section4.1.3.2,  [45]) 
work.  The  major  objective  of  this  research  effort  was  to  study  the  effect  of  selected  dopants  on 
the  AYE  polycrystal.  A  previous  segregation  study  showed  that  calcium  and  strontium 
preferentially  segregate  at  alumina  and  YAG  boundaries.  A  preferential  segregation  of  selected 
dopants  at  the  boundaries  of  both  eutectic  phases  and  grains  in  AYE  polycrystal  may  improve 
the  toughness  of  the  polycrystal  through  interface  boundary  weakening. 

Three  kinds  of  dopants  (CaO,  SrO,  and  Ti02),  along  with  undoped  AYE  polycrystals,  were 
studied.  The  dopant  amount  studied  for  CaO  was  0.1  wt%,  and  for  TiOa  was  0.25  wt%.  For 
SrO,  three  dopant  levels  (0.1, 0.25,  and  0.3  wt%)  were  studied.  The  specimen  preparation 
followed  the  same  procedure  as  described  in  Reference  45.  Extensive  TEM  (EDS)  analysis  on 
SrO-doped  AYE  after  heat  treatment  was  carried  out  in  collaboration  with  Dr.  E.  Dickey  of  the 
University  of  Kentucky.  Definitive  segregation  of  Sr  at  the  alumina/YAG  phase  boundaries  was 
observed.  The  results  were  written  and  submitted  to  the  Journal  of  the  American  Ceramic 
Society. 
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The  average  room  temperature  flexural  strength  of  as-hot  pressed  (1650  °C/28MPa/15  min/vac) 
0.1  wt%  CaO-doped  AYE  was  279  MPa  and  after  heat  treatment  (1400  °C/200hr/air)  was  293 
MPa.  Figures  26  and  27  show  the  flexural  strengths  and  fracture  toughness  plots  of  undoped 
AYE,  along  with  SrO  and  Ti02-doped  AYE.  The  plots  were  constructed  based  upon  an  average 
of  over  10  data  points.  A  salient  point  from  these  plots  is  that  the  strength  values  of  the  heat- 
treated  doped  and  undoped  AYE  are  lower  than  as-hot  pressed  ones,  but  the  trend  is  reversed  in 
toughness  values.  Another  major  point  is  that  the  dopant  effect  on  strength  appears  very  small, 
although  some  improvement  of  the  fracture  toughness  was  observed,  especially  after  heat 
treatment.  It  was  also  found  that  no  significant  difference  was  observed  after  varying  the  levels 
(0.1, 0.25  and  0.3  wt.%)  of  SrO.  Since  the  dopant  effect  is  very  small  both  in  strength  and 
toughness,  no  definitive  conclusions  can  be  drawn  at  present. 

SEM  ftactographic  analyses  were  carried  out  on  selected  specimens.  It  was  foxmd  that  the 
strength-controlling  flaws  in  the  bend  bars  were  processing  flaws  (e.g.,  pores,  agglomerates  of 
grains,  large  single-phase  grains).  It  appears  that  the  strength  of  the  AYE  can  be  improved  by 
using  starting  powders  having  uniform  microstructure.  An  attempt  to  produce  small  AYE 
powders  with  uniform  microstructures  using  the  Inviscid  Melt  Spinning  (IMS)  process  at  Tulane 
University  was  unsuccessful.  The  resulting  powders  were  large  in  size,  contained  large  pores, 
and  exhibited  a  nonuniform  microstructure.  The  microstructural  interactions  with  propagating 
cracks  on  the  fracture  toughness  test  bars  were  also  examined  with  SEM.  Clear  indications  of 
crack  deflection  at  the  alumina  and  YAG  phase  boimdaries  were  observed  in  all  of  the  examined 
fracture  surfaces,  including  undoped  AYE.  The  findings  of  the  current  research  work  are  being 
analyzed  further  and  a  manuscript  will  be  written  for  publication 


Figure  28.  Flexural  (4-pt)  Strength  of  AYE  Polycrystal  ’with,  and  without  Dopant 
(Hp=1650  °C/28  MPa/15  min/Vac.,  HT=1400  °  C/200  hr/Air) 
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Figure  28.  SENS  Fracture  Toughness  of  AYE  Polycrystal  with,  and  without  Dopant 
(Hp=1650  °C/28  MPa/15minA^ac.,  HT=1400  °  C/200  hr/Air) 

4.2. 3. 8  Melt  Growth  of  Piezoelectric  Ceramic  Fibers 

A  preliminary  study  was  carried  out  to  determine  the  feasibility  of  growing  single-crystal 
piezoelectric  ceramics.  The  experimental  work  involved  composition  formulation,  DTA/TGA, 
XRD,  and  melting  and  solidification  The  compositions  studied  were  Nao.sBio.sTiOs  (NBT)  and 
Ko.5Bio.5TiO  3  (KBT)  with  barium  oxide  additions  for  selected  compositions.  Carbonates  of  Na 
and  K  were  mixed  with  Ti02,  BfeOs  and  barium  acetate  and  used  for  all  of  the  experimental 
work.  The  powder  mixtures  were  cold  pressed  into  pellets  for  sintering  studies,  as  well  as  XRD 
analysis.  Since  significant  weight  loss  occurred  through  the  vaporization  of  BfeOs,  the  initial 
mixture  compositions  were  adjusted  to  compensate  for  this  loss.  Based  upon  the  DTA/TGA 
experiments,  the  reaction  temperatures  and  the  melting  and  solidification  temperatures  of  the 
NBT  and  KBT  were  determined.  The  melting  temperatures  of  both  compositions  were  between 
1280  °-1300  °C.  Typically,  significant  weight  loss  was  observed  above  1200  °C;  more  weight 
loss  occurred  in  argon  than  in  air.  The  results  correlated  well  with  thermodynamic  calculations 
on  the  vapor  pressure  of  the  constituents  and  Pq2  at  the  crystal  groAvth  temperature.  XRD 
analysis  of  the  samples  from  DTA/TGA  and  sintering  showed  Nao.5Bio.5Ti03  and  Ko,5Bio.5Ti03 
as  the  major  phases,  with  Na  and  K  titanates  as  minor  phases  (due  to  the  vaporization  loss  of 
bismuth).  The  composition  and  amount  of  minor  phases  varied  depending  upon  the  amount  of 
weight  loss  in  the  sample. 

Melting  experiments  were  carried  out  for  stoichiometric  NBT  and  NBBT  (5.5  mol%  barium 
titanate  addition)  compositions.  XRD  analysis  of  NBBT,  sintered  at  1 100  °C/2  hr/air  revealed 
the  presence  of  only  Nao.5Bio.5Ti03.  A  detailed  comparison  of  the  diffraction  peaks  of  NBT  and 
NBBT  showed  a  slight  expansion  of  the  cell  dimensions  for  NBBT. 

For  melting  experiments,  the  materials  were  charged  into  a  platinum  tube  (1.57  mm  OD  by  1.32 
mm  ID),  and  both  ends  were  sealed  by  crimping.  The  tubes  were  placed  in  the  furnace  vertically 
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and  melted  at  1350  °C/1  hr/air.  The  X-ray  powder  diffraction  patterns  of  NBT  and  NBBT 
showed  the  presence  of  Nao.sBio.sHOs  only.  Optical  microscopic  examination  of  the  extracted 
melt  rod  (~1.32mm  D  x  2cm  L)  confirmed  the  single-crystal  nature. 

These  preliminary  experiments  showed  that  large  (~12.7  mm  D  by  ~  152.4  mm  L)  bulk  single¬ 
crystal  growth  of  Ba- doped  NBT  using  a  modified  Bridgman  technique  is  feasible.  The 
production  of  single-crystal  fibers  using  the  EFG  technique  also  seems  reasonable  and  would 
require  detailed  die  design,  along  with  feasibility  experiments. 

4.2.3.9  Lanthanum  Aluminate  Single-Crystal  Continuous  Fiber  Growth  for  Superconductor 
Substrate 

An  effort  was  initiated  to  grow  single-crystal  lanthanum  aluminate  (LaAlOs)  fibers  with  a 
diameter  of  250  pm  using  the  edge-defined  film- fed  growth  technique.  LaAlOs  charge  material 
was  initially  prepared  with  lanthanum  oxide  (LaaOs)  from  calcined  lanthanum  acetate  powder 
and  alumina  powder.  Concern  about  obtaining  stoichiometric  LaAlOs  due  to  the  extremely 
hygroscopic  nature  of  La203  led  to  the  procurement  of  single  crystal  boules  of  LaAlOs.  A 
molybdenum  crucible  was  charged  with  these  boules.  The  die  tips  and  cracible  die  lid  were  also 
molybdenum. 

Initial  growth  of  the  LaAlOs  fiber  was  attempted  with  two  types  of  seed  fibers,  sapphire  (AfcOa) 
and  SiC  (Sygma™  coated  with  titanium  diboride).  The  sapphire  fiber  melted  upon  touching  the 
die  tip.  The  melt  was  immediately  drawn  into  the  tip.  A  liquid  meniscus  could  not  be 
maintained  between  the  sapphire  fiber  and  the  tip  to  initiate  the  growth.  The  SiC  fiber  also 
melted  upon  touching  the  die  tip  and  melted  the  portion  of  the  die  tip  with  which  it  was  in 
contact.  A  liquid  meniscus  could  not  be  established  between  the  SiC  fiber  and  the  die  tip.  A  2- 
mm  length  of  fiber  was  grown  in  the  course  of  cleaning  the  die  tips  with  small  diameter 
molybdenum  wire.  Efforts  are  underway  to  grow  the  LaAlOs  using  small  diameter  tungsten 
wire. 
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LIST  OF  ACRONYMS 


ACRONYM 

DESCRIPTION 

AC 

Air  Cooling 

AEM 

Anger  Electron  Microscopy 

AF 

Alpha  Forging 

AFRL 

Air  Force  Research  Laboratory 

APD 

Anti-Phase  Boundary 

ARL 

Alpha-Rolled  Lamellar 

ASC-MSRC 

Center 

Air  Force  System  Command -Materials  Science  Research 

at. 

Atomic 

BCC 

Body  Centered  Cubic 

BDTT 

Brittle  Ductile  Transition  Temperature 

BSEI 

Back  Scattered  Electron  Image 

CCG 

Creep  Crack  Growth 

CMC 

Ceramic  Matrix  Composites 

CTE 

Coefficient  of  Thermal  Expansion 

CVD 

Chemical  Vapor  Deposition 

CVI 

Chemical  Vapor  Infiltration 

DoD 

Department  of  Defense 

DOE 

Department  of  Energy 

DRA 

Discontinuously  Reinforced  Aluminum 

DRCu 

Discontinuously  Reinforced  Copper 

DS 

Directionally  Solidified 

DSM 

Dilute  Solutbn  Model 

DTA 

Differential  Thermal  Analysis 

EAM 

Embedded  Atom  Method 

ECAP 

Equal  Channel  Angular  Pressing 

EDS 

Energy  Dispersion  Spectroscopy 

EDX 

Energy  Dispersive  Analysis 

FCG 

Fatigue  Crack  Growth 

FEM 

Finite  Element  Method 

FL 

Fully  Lamellar 

FL-GFBC 

First  Principles-Green's  Function  Boundary  Condition 

FS 

Fatigue  Strength 

GC 

Gel  Casting 

GFBC 

Green's  Function  Boundary  Condition 

GE 

General  Electric 

GE-CRD 

General  Electric-Corporate  Research  and  Development 

GF 

Green's  Function 

GS 

Grain  Size 

HDA 

High-Density  Area 

HBD 

High  Bulk  Density 
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LIST  OF  ACRONYMS  (CONTINUED) 


ACRONYM  DESCRIPTION 


HIP 

HP 

IHPTET 

IMS 

LANL 

LDA 

LGF 

LS 

LM 

LIE 

MSAAF 

NRL 

NSF 

OTMC 

PAM 

P&W 

PA 

PST 

PVD 

RB 

RBMO 

RBSN 

RT 

SEM 

SEND 

SOCHE 

SVIB 

TEM 

TEOS 

TGA 

TMC 

TMP 

TMPL 

TMS 

TMT 

TYT 

WUD 

XRD 

YS 

ZEOS 

ZN 


Hot  Isostatic  Process 
HalfPetch 

Integrated  High  Performance  Turbine  Engine  Technology 

Inviscid  Melt  Spinning 

Los  Alamos  National  Laboratory 

Low-Density  Areas 

Lattice  Green's  Function 
Lamellar  Spacing 
Lamellar  Material 
Low  Temperature  Expansion 
Multiscalar  Analysis  of  Area  Functions 
National  Research  Laboratory 
National  Science  Foundation 
Orthorhombic  Titanium  Matrix  Composites 
Plasma  Arc  Melting 
Pratt  &  Whitney 
Polyacrylic  Acid 
Polysynthetically  Twinned 
Plasma  Vapor  Deposition 
Reaction  Bonding 
Reaction  Bonding  of  Metal  Oxide 
Reaction  Bonding  of  Silicon  Nitride 
Room  Temperature 
Scaiming  Electron  Microscopy 
Single  Edged  Notched  Beam 
Southern  Ohio  Council  of  Higher  Education 
Spatially  Varied  Interfacial  Bonding 
Transmission  Electron  Microscopy 
Tetraethoxysilane 
Thermogravimetric  Analysis 
Titanium  Matrix  Composites 
Thermomechanical  Processing 
Thermomechanically  Processed  Lamellar 
The  Minerals  and  Metal  Society 
Thermomechanical  Treatments 
Titanium- Yttrixun- Titanium 
Work  Unit  Directive 
X-ray  Diffraction 
Yield  Strength 
Zierconium  Ethoxide 
Zirconyl  Nitrate  Hydrate 
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